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ABSTRACT

A systematic study of the effect of sulphidizing atmosphere on the High Temperature Low
Cycle Fatigue (HTLCF) properties of coated and uncoated unidirectionally solidified MAR-
MO002 nickel base superalloy was performed at 870°C. The coating systems investigated
were, aluminide coating, three types of platinum modified aluminide coatings, and platinum

coating.

The creep-plasticity mode of the strain range partitioning method was used for creep-fatigue
loading. A constant loading regime (Strain range 6.6 x 107 ) was used to test the samples
in argon, air and Ar + 5%S0, and a lower strain range of 3.8 x 10” was used to investigate
the creep-fatigue properties in Ar + 5%SO0, only. The results were analysed using scanning
electron microscopy including spot analyses (SEM-EDS), Auger electron spectroscopy
(AES) and X-ray diffraction (XRD) techniques.

The synergistic effect of sulphidizing environment and the creep fatigue loading (Strain
range - 0.66%) resulted in accelerated failure in all the materials systems tested, except for
the TYPE I platinum aluminide coated sample. This coating displayed a “self-healing”

mechanism which enhanced its fatigue life under sulphidizing conditions.

In general, the coatings had an adverse effect on the fatigue properties of the material
systems. This was due to the poor mechanical properties of the coating. The mechanical
properties of the coating was influenced by the coating microstructure and the chemical
composition. The modification of the NiAl zone with platinum in the platinum aluminide
coatings improved the fatigue properties of the coating by altering the crack propagation
mechanism in the NiAl zone. The higher the platinum content in this region the more brittle

it became.

The platinum modified aluminide coating showed an improvement in the corrosion fatigue
properties in the SO, containing environment at the higher strain range when compared with

the uncoated, aluminide coated and platinum coated samples.
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However, at the lower strain range all the coating systems performed worse than the
uncoated alloy. This was mainly due to the brittle failure of the coating. The platinum
modified aluminides performed the worst due to the presence of brittle platinum aluminide

phases.

The interdiffusion and interaction of platinum with the substrate alloying elements, resulted
in this coating being ineffective for corrosion protection. The resultant coating layer

produced poor corrosion-fatigue properties.

Although the coating systems did show evidence of resistance to sulphidation and oxidation
there were relatively ineffective under the combination of sulphidizing environment and

fatigue loading due to their poor mechanical properties.

The mechanism of sulphidation was consistent for all the material systems tested with
oxidation proceeding first and sulphidation proceeding at the corrosion scale/substrate
interface. The crack propagation in the coating and substrate was controlled by the

sulphidation attack at the crack tip and failure of the oxide scales formed in the cracks.
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INTRODUCTION

The fuel-efficiency and performance of jet engines are determined by how high a temperature
they can work at, however, the temperature at which these engines operate are limited by the
materials available. "The turbine vanes and blades of the modern jet engines are made of
metal alloys having a high melting point.” [1] Nickel based superalloys are the most widely
used alloys for this application because of their relatively high melting points and high

temperature strength.

These alloys are required to work under one of the most demanding environments. Three
essential properties are required besides the high melting point: good resistance to thermal
fatigue, creep and high temperature corrosion in the form of oxidation, hot corrosion and
sulphidation. The development of processing techniques, directional solidification and single
crystal castings, significantly improved the high temperature properties of superalloys.
However, these alloys were still found to be susceptible to high temperature corrosion,
particularly hot corrosion and sulphidation. This led to the inception of surface coating

systems in order to provide protection against corrosion.

Three basic coating systems were developed: diffusion coatings, overlay coatings and
thermal barrier coatings (TBC). The "first" of the coating systems developed was the
diffusion coatings which enriched the surface of the alloy with reactive elements chromium,
aluminium and/or silicon. Of the diffusion coatings, the most commonly used was the
aluminide coating. The coating provided a reservoir of aluminium which formed the
protective oxide scale. The overlay coatings are more advanced and can be designed for
specific environmental conditions while the TBC effectively insulated the material from the
high temperature gaseous environment, resulting in the alloy operating temperature being
significantly lower. Although the aluminide coating provide good resistance to oxidation it
was found to be susceptible to hot corrosion environments. This resulted in the development
of the modified aluminide coatings which included the silicon modified aluminides,
chromium modified aluminides and platinum modified aluminides. Of the modified
aluminide coatings, the platinum modified aluminides are the most popular. These coatings

provide a cheaper alternative to the overlay and thermal barrier coatings.
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The platinum modified aluminides have been shown to improve the high temperature
oxidation and hot corrosion properties over the conventional aluminides. However, even
though the coatings may be able to provide adequate resistance to corrosion, they have to
maintain their structural integrity under mechanical loading. Several studies on the
mechanical properties of coating systems have indicated that the coating layer displayed very
brittle properties [2- 16] with the coating failing under relatively low strains. Failure of the
coating due to mechanical loading resulted in the substrate being exposed to the environment

and hence theﬂcoating was not performing the function it was intended to.

There are few reported studies on the effect of environment on the high temperature low
cycle fatigue (HTLCF) of coated superalloys. Studies on the HTLCF of aluminide coated
nickel based superalloy revealed that under low cycle loading conditions brittle fracture of

the coating had occurred resulting in the premature failure of the sample [17].

Due to the lack of data on the combined effect of HTLCF and corrosive environment, a
systematic study of the HTLCF of platinum aluminide coated , aluminide coated, platinum
coated and uncoated unidirectionally solidified MAR-MO002 nickel base superalloy in air,
argon and Ar + 5% SO, at 870°C was undertaken.
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CHAPTER 1
1. LITERATURE REVIEW

1.1 INTRODUCTION

Superalloys are the most widely used alloys for high temperature applications. These alloys
can be subdivided into three categories: nickel-base, cobalt-base and iron-base superalloys
[18]. Superalloys are used at a higher proportion of their melting temperature than any other
alloy system. The development of superalloys was instrumental in the progress attained in
jet engine performance. In turn, the need for more powerful and efficient engines has been

the driving force for the development of superalloys [18].

Of the three major groups of superalloys, nickel-base superalloys are the most widely used
in gas turbine engines by virtue of their excellent high temperature strength. The high
temperature strength and corrosion resistance was mainly dependent on two factors, namely
the composition and microstructure. This chapter shall serve to give some insight into the
development of the microstructure, the effect of alloying elements on the strength and
corrosion properties of nickel-base superalloys and the use of coating to improve the high

temperature corrosion properties.
1.2 Nickel Base Superalloys
1.2.1 Introduction

Nickel base superalloys are the most complex and widely used alloys in the hot section of
gas turbine engines [19]. Their microstructure, physical and mechanical properties are
strongly dependent on the chemical composition and processing technique. The advent of
vacuum melting around 1950 led to the alloys of higher purity, closer control of reactive
strengthening and oxidation resistant elements; improvement in the total alloy density, and

the casting of relatively complex shapes [18].
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During the 1950's and 1960's [18] development of alloys flourished. However, this led to
problems of hot corrosion and the precipitation of brittle phases like sigma, mu, and laves
which weakened the alloy. This initiated the development of processing techniques and in
the 1960's Pratt and Whitney developed directional solidified blades [18]. The directional
solidification process was developed further to produce single crystal components and

directionally solidified eutectics [18].

In parallel, the oxide dispersion strengthened (ODS) alloys were developed. ODS alloy
systems are capable of producing usable creep strength to within 90% of their melting
temperature. However, due to difficulties in processing, their application is somewhat

limited [18].
1.2.2 Effects of Alloying Elements on the Phases

The chemical composition of nickel-base superalloys includes 12 to 13 important elemental
constituents and "tramp" elements such as silicon, phosphorous, sulphur, oxygen, and

nitrogen which must be carefully controlled by appropriate melting practices [19].

The "important" alloying elements can be divided into three major classes and two
subclasses, namely, the matrix class, the y' class, grain boundary class, the carbide subclass

and oxide scale subclass [19].

The y matrix class of elements include elements from groups V, VI and VII of the periodic
table, namely, nickel, cobalt, iron, chromium, molybdenum and tungsten. The y' forming
class is comprised of elements from groups III, IV and V and include aluminium, titanium,
columbium, tantalum and hafnium. Elements that segregate to the grain boundaries form the
third class of alloying elements. These include elements from groups II, 111, and IV of the

periodic table and include boron, carbon and zirconium.

The carbide subclass consists of chromium, molybdenum, tungsten, columbium, tantalum
and titanium while the oxide subclass is comprised of elements that develop adherent
diffusion resistant oxides for environmental protection. Chromium and aluminium form this

category [19].
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1.2.3 The Microstructure of Nickel-Base Superalloys

1.2.3.1 The Gamma Matrix y

FCC nickel-base alloys are used extensively for high temperature applications. Although
they are not endowed with properties like high modulus of elasticity or low diffusivity their
use for high temperature applications may be attributed to : 1) high tolerance of nickel to

alloying, 2) formation of Cr,0, oxide film and 3) formation of AL O, at high temperature

The most common solid solution strengthening elements in y are Co, Fe, Cr, Mo, W, Ti and
Al These elements differ from nickel by 1-13% in atomic diameter and by 1-7% in the
electron hole number (N ) [19]. Hardening by solid solution strengthening is dependent on
the atomic diameter oversize. Aluminium, usually added for precipitation strengthening is
also a very potent solid solution strengthener. Of the solid solution strengthening elements
mentioned above, W, Mo and Cr contribute most strongly while the others serve as weak
solid solution strengtheners. The effects of solid solution strengthening persists up to
temperatures of about 0.6T,,. Above this temperature, y strengthening is dependent on

diffusion. Hence, elements which display low diffusivity, like Mo and W, are most effective.
1.2.3.2 Gamma Prime Phases (')

The precipitation of FCC A,B compounds, v', in superalloys was one of the most significant
advances in superalloy microstructure development. The y' is a unique intermetallic which
provides strengthening by interaction with dislocation movement. The strength of y',
remarkably, improves with increasing temperature, and its inherent ductility prevents it from

being a source of fracture.

Microstructure of y'- The y' morphology has changed progressively since the inception of
superalloys. Initially y' was observed as spherical precipitates and later as cubes. The shape
of the y' precipitate is dependent on the lattice mismatch. Gamma prime occurs as spheres
at 0-0.2% lattice mismatches, becomes plates at mismatches around 0.5-1.0% and then

becomes cuboidal at mismatches above 1.25% .
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The Composition of y'- Elements may substitute and partition in the y' structure. From the
ternary phase diagrams it has been established that cobalt will tend to substitute for nickel,
while titanium, columbium, tantalum and hafnium will substitute for the aluminium position.

Molybdenum, chromium and iron may substitute for nickel and aluminium [19].

The amount of titanium present in the alloy influences the amount of molybdenum that
dissolves in the y'. For high titanium-aluminium ratios the molybdenum dissolved to a lesser
extent than in the case of no titanium. Molybdenum has the effect of raising the lattice

parameter, solvus temperature and weight fraction of y' [19].

Substitution of nickel with cobalt reduces the low temperature solubility of the nickel-
chromium matrix for aluminium and titanium. Chromium, iron and cobalt can be added to
increase the volumetric percent of y' at given titanium-aluminium levels. This phenomena
must not be confused with strength effects, since decreasing the chromium and iron content

increases the alloy strength [19].

y' Stability - Since ' is the major strengthening phase present in nickel-base superalloys,
its stability is critical to the alloy maintaining its strength at high temperature. Thermal
exposure above 0.6T), results in y' ripening at significant rates which facilitates dislocation
movement. Ripening of y' may be described by equation 1.1 [19]. The composition of the
alloy influences the v, C, and D terms [19]. It was found that ' coarsening was reduced
when the chromium content was raised from 10% to 37% in the Ni-Cr-Ti-Al type alloys.
This was due to a decrease in C, and also a reduction in the coherency strains which reduced
Y.D. High titanium-aluminium ratios result in increased coherency strains which in tum

increases the ripening rate.

64 Y, D C,V, t 1.1
9RT

h? =

where t = time

= Specific y"-y interfacial free energy

= coefficient of diffusion of y' solutes in y

= equilibrium molar concentration of y'solute in y
= molar volume of y'

= gas constant

= particle size

= %?»wmq brﬁ
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Cobalt and molybdenum and the combined addition of molybdenum and tungsten retards y'
coarsening. Columbium reduces the y' coarsening by "partitioning completely to y™ [19],
hence, reducing C, and D. Boron and zirconium, however, does not influence the growth rate

in the Ni-Cr-Al alloys.

Cyclic overheating of superalloys revealed an automatic restoration of y' at normal service
temperature. Loss of creep resistance was dependent on the volume percent of y'. Low
volume percent y' alloys weaken faster than high volume percent alloys [19]. Retarding 7'
ripening may be achieved by (1) increasing volume percent of y' and (2) add high

partitioning, slow diffusing elements such as columbium and tantalum to the y'.

Besides stability in terms of y' ripening, transformation of y' to other weakening
phases/structures must be considered. y' with high aluminium content cannot transform to
other N1;X compounds, however, these compounds will form if tantalum, and/or titanium
and/or columbium are present in sufficiently high concentrations. Stability of the Ni,X
compounds in decreasing order yields Ni;Al and Ni,Cb(or Ta) [19]. The aluminium in Ni,Al

can be replaced by titanium, columbium or tantalum resulting in metastable y'.

Titanium rich metastable y' transforms to weakening n (Ni;Ti hexagonal close packed)
phases in the alloys with fairly high titanium-aluminium ratios. The influence of 1 on the
mechanical properties is depéndent on the morphology of the 1 precipitates. n precipitating
as cells at the grain boundaries resulted in a reduction in the notch stress rupture strength,
while precipitation in a Widmanstitten fashion reduces the strength but not ductility.
Precipitation of nj at the grain boundaries may be retarded by addition of trace amounts of

boron.
1.2.3.3 Carbides

Carbides tend to prefer locations along the grain boundaries in nickel-base superalloys. Early
investigators found that certain grain boundary carbides had a detrimental effect on the

ductility. However, it was found that creep life and ductility was sharply reduced with carbon
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contents less than 0.03%. The consensus amongst investigators was that carbides do exert

a beneficial effect on the rupture life at high temperature [19].

The three most common classes of carbides present in superalloys are the MC, M,,C , and
M,C [19]. The MC morphology is usually random cubic or script. M,;Cy forms irregular
blocky particles. MC type carbides can precipitate as blocky structures at the grain boundary
and more rarely in a Widmanstitten intergranular morphology. MC carbides form during
solidification, and are distributed heterogeneously throughout the alloy, both in the inter and
trans granular regions. These carbides are a major source of carbon for subsequent heat

treatments and service.

The primary carbides have a FCC structure [19]. Their close packed structures makes them
very stable if in the pure form. Typical examples of MC carbides formed in decreasing order

of stability are HfC, TaC, CbC and TiC. Alloying with Ta and Cb stabilize the MC carbides.

Substitution of M atoms in MC compounds influence the stability of these compounds. The
presence of molybdenum or tungsten in the carbides results in degeneration of the MC
carbides to M,,C,. Typically, M,,C, stable carbides form during heat treatment processes or

in service at temperatures between 760° and 980°C [19].

M,;C, occurs in copious amounts in alloys with medium to high chromium content. These
carbides tend to form on the grain boundaries having complex cubic structures which are

similar to the TCP o phase [19].

Their presence along the grain boundaries influences the creep rupture life through
interference with grain boundary sliding. However, failure can be initiated by cracking of the
M,,C; particles or de-cohesion. The morphology of the M,,C, carbide plays a significant role
on its effectiveness as a grain boundary strengthening mechanism. Cellular M,,C, carbides

have been shown to reduce the rupture strength [19].

M(C forms at slightly higher temperatures than M,,C, between 815 and 980°C. The
composition of MC varies over a wider range, from approximately M,C to M,;,C. M,C

carbides are formed when molybdenum acts to replace chromium in other carbides.



1.2.3.4 Borides

Boron is added to superalloys in small quantities, 50-500 ppm. Its presence at the grain
boundaries block the onset of grain boundary tearing. If boron is present in sufficiently large
quantities, borides form at the grain boundaries. These are hard refractory particles which act

as a supply of boron for the grain boundary [19].
1.2.3.5 TCP Phases

When the alloy composition is not controlled carefully, undesirable TCP phases can form
during the heat treatments or more often during service. They appear as thin linear plates,
often nucleating at grain boundary carbides. Typical TCP phases found in nickel-base alloys

are o and p [19].

Sigma forms from the nickel matrix. Its composition is given by (Cr,Mo),(Ni,Co), with x and
y varying from 1 to 7. Its physical hardness and morphology make it an excellent source for
crack initiation, leading to low temperature brittle failure. Because of refractory content, it
depletes the alloy of these elements resulting in loss of solid solution strengthening. High
temperature rupture may occur along these plates, resulting in a decrease in the rupture life.

The 1 phase can be formed but is not as well researched as o [19].
1.3 Directional Solidification and Single Crystal Alloys

Directional solidification was first introduced in the early sixties [19]. The directional
solidification process involves growing grains with a lower modulus of elasticity
longitudinally in the aerofoil, effectively eliminating transverse grain boundaries. The next

step from directional solidification was the single crystal casting process.

Directional solidification (DS) and single crystal (SC) alloys have the highest elevated
temperature capabilities of any superalloy [20,21]. DS and SC alloys have excellent creep
strength and superior thermal fatigue properties [21]. The superiority of single crystal over

polycrystalline alloys is due to (a) their higher melting temperature which permits the y'
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microstructure to be refined via solution heat treatment, (b) the absence of grain boundaries,
and (c) their low modulus {001) oriented solidification texture which improves the thermal
fatigue properties [20]. The absence of grain boundaries eliminates the need for grain
boundary strengthening elements, which reduce the melting temperature. This allows for a

more complete solution heat treatment, and better refinement of the y'.

The microstructure of the DS and SC alloys are very similar to the conventionally cast alloys

with y' precipitates in a y matrix with a few carbides and borides as described earlier.
1.4 STRAIN RANGE PARTITIONING (SRP)

1.4.1 Introduction

With the development of high performance gas turbine engines, it became essential that a
reliable technique for life prediction and material characterisation be developed for materials
that worked at high temperatures for long periods of time. In the early 1970's Manson et al
developed the strain range partitioning method for predicting high temperature low-cycle
fatigue life [22]. The advantage of this method of testing stems from its high degree of

generality.

The concept of the SRP method was based on the reasoning that in any stress-strain
hysteresis loop there were two directions of loading and two types of inelastic strains. The
two directions of loading were tension and compression; and the two types of inelastic strains
were time dependent (creep) strain and time independent (plastic) strain. By combining these
directions and types of strains the four strainranges were obtained, namely:

€cp - Tensile creep reversed by compressive plasticity

€pp - Tensile plasticity reversed by compressive plasticity

€pc - Tensile plasticity reversed by compressive creep.

€cc - Tensile creep reversed by compressive creep
Using these four basic strainranges complex high temperature low cycle fatigue hysteresis

loops can be analysed by partitioning them into their respective inelastic strain components.
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In order to apply the SRP for life predictions, the four strainrange versus life relationships
must be generated experimentally. For the four pure generic strainranges, the basic life

relationships follow the Manson-Coffin form: N, =A(he,) = N, =A(hey)

[o] [o] )
N, = A(De,.) and Nep, = A(LE,) * where the coefficient A and exponents o are

experimentally determined material constants [23]. In any hysteresis loop A€p and A€

cannot coexist; one or the other will be present.

Once the generic strainrange versus life relationships are obtained, the SRP method is
applied to complex hysteresis loops by first partitioning the hysteresis loop into its inelastic
strain components followed by applying a damage rule. The damage rule recommended was
the interaction damage rule [22,23]. Using this damage rule the predicted life was given by

the following equation:

1 F F F F

L Y A2
NPRED NPP NCC NCP NPC
where  Npgep - is the predicted life for the hysteresis loop
Npp» Ne, - - are the cyclic lives for the particular strainrange of interest
Fees Fpp, .. - are the fraction of each of the partitioned strainranges.

1.4.2 Experiments to Generate the Four Strainrange versus Life Relationships

PP type tests [22] - This test consists of plastic strain in both tension and compression. At
high temperatures the frequencies must be sufficiently high (0.5 to 2.0 Hz) to preclude any
creep strain. A typical stress-strain hysteresis for the PP type test is given in figure 1.1 a. At
least six strainranges covering the range 50 - 50 000 cycles to failure must be used to

generate the strainrange versus life relationship.

CP tests [22] - The three most common methods are the stress-hold method, strain-hold
method and the low/high strainrate method. The tensile stress hold method (figure 1.1b) is
the preferred method. This technique results in the greatest amount of creep strain in the
least amount of time and the creep strain is easily identified. The tensile strain-hold

procedure, figure 1.1c, is very similar to the PP procedure with the exception of a hold period
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at the peak tensile strain. The deficiency in this method is that only a small amount of creep
can be obtained which makes this procedure suitable for small strainranges only. The
technique of slow/rapid strain rates, figure 1.1d, is very simple to apply. However,
interpreting of results is not as straightforward as the previous two techniques. This
procedure should only be used in the cases where the experimental equipment is not capable

of generating the previous two strain cycles.

~

(a) PP cycle, high-
strain rate

F

i Aeg,
- Ae,, +
AV Ae,, Agc, APS}::P
(b) CP cycle, (c) CP cycle, (d) CP cycle,
siress-hold. strain-hold. low/high
strainrate
Ae,, +
A _ _ PP
(e) CP cycle, ( PC cycle, (g) PCcycle,
siress-hold. strain-hold. high/low
strainrate
[
/
(h) CC cycle, (i) CC cycle, () CC cycle,
stress-hold. strain-hold, high/low
strainrate

Figure 1.1 : Examples of isothermal test cycles to determine partitioned strain-range-life
relationships [22].
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PC type tests [22] - The PC type testing technique is simply the CP tests with the difference
being the direction of the creep strain (figure 1.1e,f,g). By interchanging the tensile and
compressive notation of the previous section, the techniques for PC straining can be

obtained.

CC type tests [22] - There are three common techniques for generating the CC type
strainranges. The first and preferred method of testing involves the use of the creep rupture
type test wherein a constant tensile stress is servo-controlled until the desired strain  is
obtained, whereupon the stress is rapidly reversed to the equivalent compressive stress which
is servo-controlled until the desired compressive strain is achieved (figure 1.1h). When the
desired strain range is small the strain hold method is used. This test involves a rapid strain
cycling with strain hold periods at the peak strains (figure 1.1i). If the amount of stress
relaxation is the same in both tension and compression, then only CC and PP strainranges
exist in the cycle. The third technique is a completely reversed strain cycle at a low
frequency so that creep can occur. Again this technique is the simplest to implement but is

difficult to interpret.

In all CP tests (figure 1.1b,c,d) the strainranges CP and PP also feature. While in the CC
techniques the hysteresis loops are composed of CC, PP and CP or PC strains. Hence, it can
be seen that there is a sequence in which the strainrange versus life relationships must be
generated, namely, the PP strainrange versus life relationship first, followed by the CP and
PC strainrange versus life relationships and finally the CC strainrange versus life

relationship.
1.4.3 General Discussion

A review of the SRP as a life prediction technique was presented by Miller et al [23].
Characterization of several alloys indicated that the most damaging strainrange is dependent
on the alloy. It was shown that for the 304 and 316 stainless steels, the most damaging cycles
are the CP type strainrange with a tensile hold. For the nickel-base alloys the compressive
hold cycles or the PC strainrange was most damaging. Use of strainrange partitioning as a

method of life prediction indicated conflicting evidence for and against the method [23,24].
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For the 1CrMoV alloy the SRP method was adequate. However, for long hold times it
becomes increasingly inaccurate, indicating that the SRP cannot model time dependent
effects in its standard form. The applicability of the SRP method to gas turbine alloy
IN738LC, IN597 and FSX414 has been closely examined in the COST 50 programme. It
was found that the tensile dwell time had a significant influence on the life. The conclusion
drawn from these results was that a stress compensating factor was needed for the SRP
method to produce satisfactory data. Several attempts have been made to remedy this
problem by accounting for the hold time and strain rate effects, and inclusion of ductility and

normalization [23,24].

Cast MAR-MO002 nickel-base superalloys was characterized by the SRP method over the
temperature range 750 - 1040°C by Atunes and Hancock [25]. At 850°C the PC type strain
range was most damaging and the CP was least damaging. While at 1040°C the CP type

strain range was most damaging. The results indicated marked temperature sensitivity.

The strain range partitioning method was developed for predicting and characterizing creep-
fatigue behaviour of high temperature alloys using inelastic strains to relate to fatigue life.
It was initially believed to have a high degree of generality and was relatively insensitive to
various parameters like temperature, etc. However, there has been a number of conflicting
opinions for and against the technique. More recently, the total strain version of the strain
range partitioning method (TS-SRP), which includes the elastic as well as the nonelastic
strains, has been examined [26]. The TS-SRP method incorporates an elastic component and
a plastic component of strain. In order for this life prediction method to be applied the basic
SRP life relationships must be be determined (using the techniques discussed earlier). This

method shows promise for application to high performance jet engines [26].

1.5 Combustion Products of Jet Engine Fuel

Jet engine fuel is produced from the refinement of crude oil. Crude oil generally consists
primarily of hydrocarbons and small amounts of compounds sulphur, nitrogen, oxygen and
certain metallic inclusions. The density of crude oil is between 0.8 and 1.0 g/cm® and the
typical chemical composition is shown in table 1.1 [27]. The amount of sulphur gives an

indication of the "heaviness" of the crude oil. "Heavy" crude oils have a large amount of
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sulphur. The presence of sulphur compounds and metallic inclusions is undesirable since
they result in excessive wear of the fuel system because of their abrasive nature. The amounts
of these impurities are strictly controlled by technical standards. For specification MIL-T-
5624K [28], the maximum sulphur allowed is 0.4% for JP4 and JP5 (D.ENG.2494 ISSUE

8) the maximum allowable sulphur content is 0.3%. Traces of sulphur are always

Table 1.1 : Chemical Composition of Crude Oil [27]

Elements Weight% |

C 83.9-86.8
H, 11.4-14.0
S 0.11-8.00
N, 0.11-1.70
0, 0.5

Metals 0.03

(Fe, V, Nj, etc)

present in fuels even after careful distillation. Sulphur has important effects on the corrosion
processes in the hot section of jet engines. Typical combustion products for the major groups

of fuel are shown in table 1.2 [28].

In the absence of ash and for complete combustion the principle corrosion mechanisms are
oxidation and sulphidation. Oxidation occurs as a result of the presence of oxygen while
sulphidation due to the presence of SO, and SO,. Sulphidation of the components of the
turbine results in the production of low melting point sulphides like Ni,S,. Another type of

Table 1.2 : Composition of combustion products [28]

Fuel

Products of partial comb.

(deficient-air combustion)

Products of complete comb.

(excess-air combustion)

sulphur free and non ash yielding

sulphurous but non-ash yielding

sulphurous and ash yielding

CO,,H,0,CO,H,N,
CO,,H,0,CO,H, N,,
H,S,S,COS,S0,
CO,,H,0,CO,H,,N,,
H,S,COS,S0,,ash

CO,,H,0,0,,N,
C0,,H,0,0,N,,80,,S0,

C0,,H,0,0,,N,,80,,S0,,ash
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corrosion process which is extremely destructive is hot corrosion. Hot corrosion occurs when

there is a deposit present on the component. This type of corrosion attack will be present

typically when the ash yielding fuel is used.

From the above discussion it can be seen that the type and quality of fuel and combustion

process will significantly influence the corrosion processes that occur in the hot section of

jet engines.

1.6 High Temperature Corrosion

1.6.1 Oxidation

Oxygen is present in most environments where engineering alloys are used. This makes
oxidation an important form of high temperature corrosion. When metals are exposed to
oxygen, reaction proceeds provided the oxygen pressure is sufficiently high so as to exceed

the metal-metal oxide equilibrium [29].

1 o

= +AG -
o ) 2 = exp(—Mo) ..................
2 M-MO RT

where (Po)umo - 1S the oxygen pressure of the metal - metal oxide
AG,,,° - standard free energy of formation of the oxide MO.

T - absolute temperature

The equilibrium oxygen pressure for metals are very small with the exception of the precious
metals. Hence, the thermodynamic conditions for oxide formation in most environments are
favourable. Oxide scales are therefore developed on the metals exposure to high temperature.

When the oxide scale is dense and protective, the oxidation rate is given by [29]:
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AM

P
dt AM
A

Where AM - is the weight change
A - area of specimen

kp - parabolic rate constant

From this expression it can be seen that the oxidation rate decreases with time since the scale

acts as a barrier to further oxidation.

When the oxide scale is non-protective, the oxidation rate is given by :

where k; - is a constant

This equation gives a linear relationship between oxidation rate and time. There are several
rate laws describing oxidation [30], however, when one is concerned primarily with

oxidation resistance the parabolic and linear rate laws are sufficient [29].

When considering alloys the oxidation rate laws are modified to incorporate the different
alloying elements. Upon exposure to oxygen, numerous oxide phases are formed in the initial
stages. The oxide formation is controlled by the activities of the metallic components of the
alloy, the oxygen pressure in the gas, and the relative affinities of the metallic elements to
oxygen. "As a result of this competition between the elements in the alloy for oxygen, there
is a tendency for the alloy to become covered with the most thermodynamically stable
oxide." [29] The oxide scale on alloys generally consist of layers with the more stable oxides
closer to the substrate. Oxidation of alloys consist of two stages; the transient stage when a

variety of oxides are formed followed by a second stage where only the thermodynamically
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stable oxides are formed. The dominant oxide must be most stable and lateral growth must

be favoured.

When more than one element reacts with oxygen, understanding of transient oxidation
becomes critical to alloy design [31]. In practice, protection of alloys at high temperature
principally depends on the formation of Cr,0;, &-Al,0; or SiO, layers. In order for the scale
to be protective the oxide layer must develop uniformly. For high temperature application
it has been found that a-Al,0, is most stable. Cr,0, is unstable at temperatures above
1000°C, forming gaseous CrO;. SiO, suffers a similar type of problem by forming gaseous

SiO at low oxygen pressures.

Having developed the oxide scale that is protective, it is important that it adheres to the
substrate and does not undergo mechanical damage easily. The physical characteristics of the
oxide scale and adherence are important to the development and maintenance of the scale.
It has been found that a thin uniform scale is most desirable [29] since they have no grain
boundaries. This eliminates the problem of short circuit oxidation. Spalling of the scale, as
a result of mechanically or thermally induced stresses, may result in catastrophic oxidation
of the substrate if it is not self healing. Nickel-base alloys are not as susceptible to this type

of problem since the growth rate of NiO is not as high as in other alloying systems [31].

Addition of reactive elements such as Sc, Y, La, Hf, Ce and Th have been shown to greatly

improve the oxide scale characteristics and hence the oxidation resistance of superalloys [32-

36] through various effects:

1) promotion of selective oxidation of an element which forms a stable oxide (typically
Al O, or Cr,05)

ii) by reduction in the growth rate of Cr,O, and NiO, and

i1) inhibition of scale failure (i.e. through thickness cracking and scale/substrate interfacial

decohesion) on both Cr,0, and Al,O, forming alloys.

The oxidation resistance of various alloy systems (carbon steels, Cr-Mo steels, ferritic |
martensitic and austenitic stainless steels, Fe-Ni-Cr and Ni-Cr-Fe alloys and iron ,nickel and
cobalt based sﬁperalloys) were reviewed by George Y. Lai [37]. The corrosion resistance of

steels was dependent on the formation of Cr,O, scale at high temperatures. Chromium
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content in excess of 18% was necessary for developing an effective oxide scale. Solid
solution strengthened superalloys were resistant to oxidation at lower temperatures but were
susceptible at temperature exceeding 1150°C. Superalloys strengthened with y' were not as
resistant as the solid solution strengthened alloys. This was attributed to higher titanium
content of these alloys. In general, it was concluded that most alloy systems depend on the
formation of chromium oxide scales for protection against oxidation. Above 1000-1100°C
these scales lose their protection capabilities. At these temperatures aluminium oxide scales
are significantly more effective. In order to form protective alumina scales, an alloy must

have at least 4% Al.

1.6.2 Sulphidation

Sulphur is one of the most common contaminants in high temperature energy conversion
systems. The sulphidation of metals and alloys is a very aggressive wastage process. The
parabolic wastage rates are several magnitudes higher than that of oxidation. In particular,
the present generation of high temperature alloys and superalloys are totally unsuitable for

service in sulphur containing gases of low oxygen potential [38].

A typical chemical reaction that can be observed in sulphidation is [30] :

1 1.
2M+—2—SZ+—§OZ—MO+MS . O

Generally, the metal oxide phases are more stable and it is not uncommon to find corrosion
scales which are composed of both oxides and sulphides. The most effective means of
inhibiting sulphidation attack is by the formation of Al,0, and Cr,0, oxide scales. Formation
of these scales are, however, dependent on the environmental conditions (temperature,
oxygen pressure and sulphur pressure). Low oxygen pressures result in a discontinuous oxide

scale which allows for sulphur penetration and hence higher corrosion rates [30]. Even when
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protective oxide scales are formed, they may be damaged by cracking and spalling (due to

thermal stresses) and the ensuing sulphidation attack proceeds rapidly.

If an oxide barrier cannot be formed then protection must be provided by a sulphide scale.
However, this results in an accelerated corrosion rate. The sulphide phases formed, cracks
and spalls easily resulting in the corrosion process progressing linearly [39]. Besides the
problem of spalling and cracking, the formation of low melting point metal-metal sulphide
eutectics further enhances the corrosion rate. Table 1.3 [39] and table 1.4 [38] show the
melting temperature of metal-sulphides eutectics and metal sulphides. The presence of
molten sulphide eutectics allows for the easy diffusion of sulphur through the corrosion scale
to the scale-substrate interface and/or diffusion of the metal out to the gas / corrosion scale
interface which results in an accelerated attack. The mechanism of sulphidation is very
similar to oxidation which indicates that behaviour of the alloying elements follow a similar
pattern to that in oxidation. Chromium has a higher affinity to form sulphides than nickel or
many of the other alloying elements. When oxygen is present, as in the case of SO, and SO,
[40] bearing atmospheres, oxides and sulphides are present in the scale. This scale provides

a higher protection when compared to oxygen free environments like H,S.

Table 1.3 :  Differences between metal and sulphide eutectic melting point [39]

_ Metal-sulphide Eutectic
Metal Meta mehmogCTemperamre Melting temperature
°C
Co 1495 877
Cr 1850 1350
Cu 1083 1070
Fe 1539 985
Mn 1260 -
Ni 1455 645
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Table 1.4 : Melting Temperature of Some Metal - Sulphides [38]

Sulphide_ _Milti_ng temperature (°C)
AlLS, 1099
TiS, 1999 - 2099
ZrS 1822
HfS 2373 - 2473
V.S, 1799 - 1999
TaS, 999
Cr,S, (CrS) 1550
MoS, 1457
FeS 1189
Co,Sq 1080
NiS 796

F. Gesmundo et al [40] reviewed the sulphidation behaviour of various pure metals. Titanium
in pure SO, formed scales composed of an inner layer of sulphide and an outer layer of TiO.
The reaction rate was parabolic and approximately one order of magnitude higher than in
oxygen. The corrosion of chromium in pure SO, showed that only chromium oxides formed,
however, some investigations showed that CrS was also formed in similar environments
[40]. The reaction kinetics were approximately parabolic with the reaction rate being two or
three orders of magnitude larger than in oxygen. Several studies of the corrosion of nickel
in SO, containing environments [41-43] indicated that the corrosion processes of nickel was
very dependent on the environment and the temperature range. Reaction of nickel in pure
SO, in the temperature range 773-1373 K generally produces a scale that consists of an inner
layer of single phase sulphide "surmounted” by a thick duplex NiO + nickel sulphide mixture
[40]. The inner sulphide for T< 806K was Ni,S,, Ni,,,S, for 806<T<910K and NiS liquid at
higher temperatures. The corrosion scale morphology was similar in SO,/argon mixtures.
Corrosion of nickel in SO,/O mixtures can be divided into two temperature regions. At low
temperatures (T<910K), the most stable sulphide phase is solid and at high temperatures a
liquid Ni-S solution forms [40]. In the low temperature range the corrosion scale consists of
an inner layer of single - phase sulphide and outer duplex layer and the reaction kinetics are

initially linear followed by a parabolic rate. At high temperatures the scale morphology is
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the same, with the inner sulphide being a liquid. The reaction kinetics at high temperatures

are approximately parabolic [40].

The kinetics of corrosion in pure and dilute SO, are very complex [40]. The highest rates are
reported for the temperature range 873-1073K where the duplex layer is rich in sulphides.
The reaction kinetics at 876K in SO,/ argon mixtures showed an initial linear stage, a second
stage of increasing rate, and a final parabolic rate [40]. At temperatures of 1273 and 1373K
the kinetics in pure SO, was reported as protective and approximately parabolic [40]. The
rates at 1373K were lower than that at 1273K due to the decrease in the diffusional

contribution of the sulphide phase.

The effect of SO, on the oxidation behaviour of NiCrAl - based alloys in air was studied by
W.J. Quadakkers et al [44]. The Ni-10wt%Cr-9wt%Al and Ni-20wt%Cr-6wt%Al alloys were
exposed to synthetic air + 1vol% SO, and air at 1000°C. The presence of SO, showed a
significant increase in the corrosion rates with the attack on the alloy having a lower
chromium content being more pronounced. The SO, reacts with the oxide forming alloying
elements via transport through scale imperfections and after oxide spallation. The sulphur
was tied up as chromium sulphides, depleting the matrix of chromium and leading to the
formation of nickel rich oxide scales in the 10% alloy. It was demonstrated that the alloys
resistance to oxidation in sulphur bearing environments may be improved by increasing the

chromium content [44] and by adding a relatively high amount of yttrium (0.5wt%).

Alloys exposed to SO, bearing atmospheres form oxides and/or sulphides, depending on the
alloy composition and temperature [37]. High corrosion rates were dependent on the
formation of sulphides. At higher temperatures the formation of oxides was favoured. The
general consensus was that chromium was an effective alloying element for improving

sulphidation resistance [37,45].
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1.6.3 Hot Corrosion

While gas induced degradation is the principal means of high temperature corrosion, deposits
may form on the alloy surface, as a result of ash produced during combustion and impurities
ingested into the engine, which significantly influences the corrosion processes. High
temperature corrosion of the hot section gas turbine components due to salt deposits
(principally sodium sulphate) is known as "hot corrosion". Since its recognition as a major
problem, there has been a high level of research activity and several reviews on this subject
[29,37,46-56]. Sulphur from the fuel reacts with sodium chloride ingested into the
combustion chamber to form sodium sulphate, which deposits on the hot section
components. Sodium chloride may come from the sea water ingested and sulphur is sourced
from the fuel and may also be present in sea water [47]. Hot corrosion scale morphology is
typically characterized by a porous oxide layer with the alloy beneath the scale being
depleted of chromium, followed by an internal chromium rich layer [37]. There are two
types of hot corrosion processes that can occur, namely, type I hot corrosion which occurs
at higher temperatures (800 to 950°C) and type II hot corrosion which occurs between 700
and 800°C.

Type I hot corrosion usually consists of two stages namely, stage I (incubation and initiation)
and stage II (propagation) [29,48,52]. During the initiation stage the corrosion processes are
very similar to that in the absence of a deposit. The corrosion rates are low and are related
to the formation of a protective oxide scale. This stage is dependent on: alloy composition,
fabrication condition, gas composition and velocity, salt composition, salt deposition rates,
condition of the salt, temperature cycles, erosion, and specimen geometry [47]. It was
obvious that in order to improve hot corrosion resistance, the alloy must be designed so as

to remain in the initiation stage for as long as possible.

The propagation mode was very dependent on the deposit, and accelerated degradation was
observed during this stage. There are two general classifications for the hot corrosion
propagation mode in superalloys, namely, propagation modes involving fluxing reactions and
the deposit component - alloy interaction mode. The salt fluxing reactions for superalloys
may be acidic or basic in nature. The basic fluxing reaction mode occurs when ions from the

deposit react with the oxide scales. Basic fluxing is not self-sustaining and requires a
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continuous source of Na,SO, to proceed indefinitely. Acidic fluxing involves the
development of nonprotective reaction products on the superalloy as a result of a liquid
deposit on the surface which has a deficiency of ions [48]. This effectively means that the
oxide scales donates ions to the deposit. This results in degradation of the oxide scale and
hence accelerated corrosion ensues. When the deposit becomes acidic due to the formation
of an oxide from an element of the alloy, the reaction becomes self-sustaining. This type of
propagation mode occurs when a component from the deposit reacts with alloy causing a
non-protective oxide scale to be formed. Two elements that produce this effect are sulphur
and chlorine. The more commonly and widely observed form of hot corrosion via this
mechanism is sulphidation, ie, the reaction of sulphur with the base metal. Although
sulphidation is the most common mode of hot corrosion, hot corrosion can proceed in the
absence of sulphur. Hence, sulphidation cannot be used as a generalized term for hot

COITOSION.

1.7 Effect of the Environment on the Mechanical Properties of

Uncoated Superalloys

The effect of the environment on the mechanical properties of uncoated superalloys has been
studied extensively. The effect of oxidizing (air) and inert environment on the mechanical
properties of superalloys [57-62] showed that the fatigue life was dependent on frequency,
temperature, strain rate and microstructure. Fatigue and creep tests performed on Inconel
718 at 650°C in air and helium revealed that air accelerated the crack propagation rate and
lower frequencies contributed to accelerated crack propagation [57]. The inert He
atmosphere did not display sensitivity to frequency. At lower frequencies, oxygen diffusion
in the grain boundaries attributed for the accelerated crack propagation. Inconel X-750

tested in air and vacuum also showed a similar behaviour [58].

The fatigue behaviour of single crystal MAR-MO0O02 in air and vacuum was dependent on
temperature [59]. Between 800 and 1400°F, the fatigue lives were not influenced due to
cracks initiating internally. At 1700°F the fatigue life in air was greater than in the vacuum.

Bulk oxidation of the surface initiated cracks, and the blunting mechanism of the stage 11
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crack growth accounted for the longer fatigue life in air. In the vacuum the stage II crack

growth was enhanced resulting in accelerated failure.

In high temperature oxidizing environments, the crack propagation was slowed due to oxide
induced closure and crack tip blunting [60]. Fatigue crack propagation rate in cuboidal y'
decreased when the test temperature was increased from 750 to 950°C [60] while rafted y'
showed little change. The fatigue life in air was higher for higher strain rates [61] whereas
for the vacuum environment, fatigue life was insensitive to strain rates. For the higher strain
rate crack propagation was transgranular while for the low strain rates the crack propagation

was a mixed trans-intergranular one.

Sulphidising and hot corrosion environments have been shown to be the most severe of the
corrosion processes hence their effect on the mechanical properties of superalloys has
received a significant amount of attention [62-74]. Floreen and Kane [62] investigated the
fatigue crack growth rate in Inconel alloy 718 samples in the following environments at

650°C :

Alr CO, He +0.5% H,S
Helium He + 5% water vapour He + 5% SO,
Nitrogen H, + 5% water vapour Air + 5% SO,
Hydrogen Air + 5% water vapour Air + 0.5% SO,
Hydrogen + 2%CH, He + 100 ppm O,

The sulphur containing environments resulted in accelerated fatigue crack growth. Although
some environments did not induce corrosion attack on the unloaded specimen, they resulted
in a significant increase in fatigue crack growth rates. The combination of air and SO,
decreased the crack propagation rate. Under the sulphur containing environment, low melting
point nickel-sulphide (Ni,S,) eutectic phases were formed ahead of the propagating crack tip,
enhancing the crack propagation rate. The crack propagation mode in sulphur containing
environments was a mixed Mode type (transgranular and intergranular crack path). The
conclusion drawn from these results were:1) the kinetic rather than the thermodynamic
factors are responsible for the influence of the environment on crack propagation,

2) increasing the general corrosion resistance of the alloy does not improve the materials

resistance to the combined effect of an aggressive environment and fatigue loading and
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3) oxidation which takes place simultaneously with sulphidation retards the influence of

sulphidation on the crack propagation rate.

Nazmy [64] evaluated the influence of sulphur containing environment on the high
temperature low cycle fatigue behaviour of cast IN718 nickel-base superalloy. A corrosive
deposit on the specimen surface was obtained by immersing the specimen in synthetic ash
at 1123K. The tests were performed at a temperature of 1123K (temperature at which the
ash melts) and the atmosphere maintained above the ash melt was air + 0.015 SO, + 0.015
SO,, flowing at a constant rate of 1 litre/minute. A significant reduction in life was observed
in air containing SO, and SO, compared to tests in air only. This emphasized the aggressive
influence of the sulphidation process which took place. Sulphidation resulted in the
formation of brittle chromium sulphide phases at the grain boundaries which resulted in

crack initiation points. This consequently resulted in a reduction in the HTLCF life.

Zhang et al showed that sulphidation resulted in accelerated creep failure of GH33 nickel-
base superalloy [65]. Creep tests performed in a gaseous mixture of SO, and air revealed that
a Cr,0, scale was formed first. Provided the scale was undamaged the corrosion proceeded
in a similar manner in both air and air + SO, environments. Once the scale was damaged
sulphidation of the base metal proceeded. The presence of low melting point sulphide phases

resulted in accelerated corrosion and premature failure.

MAR-M200+Hf exposed to HTLCF + SO, containing environment at 975°C showed that
sulphur played a decisive role in the mechanism of HTLCF . Microstructural changes at the
crack tip occurred due to the sulphidation attack and mechanical relaxation [66]. HTLCF
tests under Ar + 3%S0O, environment resulted in severe blistering of the surface close to the
fracture surface [67]. Addition of 20% O, to this environment moderated the blistering effect
although the lives were similar. The blistering process was observed to occur only under the

combination of mechanical loading and sulphidizing environment.

The effect of hot corrosion on the mechanical properties of nickel-base superalloys has been
shown to result in a severe reduction in the mechanical properties [68-74]. Pieraggi [68]
studied the creep and low cycle fatigue properties of Udimet 500 and IN-738LC at 800°C

in air and Na,SO, containing environment. It was found that creep does not affect the
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corrosion rate, however, fatigue does affect the corrosion kinetics and growth mechanisms.
The Na,SO, and Na,SO, +10% NaCl environments have a significant detrimental effect on
both creep and fatigue properties. This was associated with grain boundary weakening by

oxygen, sulphur and chlorine segregations penetrating along slip and twin planes.

The reduction in fatigue properties must be attributed mainly to corrosion induced surface
changes. Corrosion facilitates crack initiation rather than propagation. A summary of the
possible influences of environment on fatigue crack propagation of cast nickel-base

superalloys at high temperature is given in table 1.5 [70].

Table 1.5 : The Influence of environment on the fatigue crack propagation. [70]
Environmentally Influence on the material Influence on fatigue crack
induced effect propagation rates
dissolution of phases change the mechanical properties at the ! |

crack tip

weakening of material !

crack tip blunting !

crack branching reduction of actual AK at crack tip |

grain boundary attack weakening of grain boundaries f

intergranular crack branching |

oxide layer prevents rewelding t
prevents resharpening of crack tip !

hindrance of dislocation movement |

crack closure reduction of actual AK at crack tip |

1.8 Coating Systems for High Temperature Applications
1.8.1 Introduction

Alloying element requirements for superalloys focused on strength resulting in a reduction
in the corrosion resistance [75]. Therefore, the use of coatings was implemented to improve
the corrosion resistance properties of these alloys. Hence, the general design philosophy is
to select a material of sufficient high temperature strength followed by application of a

suitable coating. Coatings can be classified into three basic groups, namely, the diffusion
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coatings, overlay coatings and thermal barrier coatings [76]. The diffusion type coatings were
the first coatings to be developed. These coatings included the aluminide, chromium and
silicon diffusion coatings. The most popular and widely used of the diffusion coatings is the
aluminide coating which is still used in present day applications. The diffusion and overlay
coatings provided a surface, enriched in aluminium and chromium, which formed protective
Al ,0 ; and Cr ,0 ;. Thermal barrier coatings were developed to increase the working

temperature of engines by reducing the temperature of the metal by as much as 200°C [78].

There are several articles that review the coating processes and their performance [75-84].
This literature review shall cover some of the coating processes, concentrating mainly on the

aluminide and modified aluminide coatings as this is within the scope of the present research.
1.8.2 Aluminide Coatings

Diffusion aluminide coatings can be applied to engine components by various techniques,
which include pack cementation, slurry fusion and chemical vapour deposition [82]. The
most common and widely used technique for aluminide coating application is packed
cementation [82,84,85,86]. This method is a type of vapour deposition process where the
component and the coating reactants are contained in the same retort [82]. The coating
reactant consists of aluminium powder, a chemical activator ( normally a halide) and filler
such as alumina. During the aluminizing process, material from the pack is transferred to the
metal surface via the formation of an intermediate volatile aluminium mono-halide gas. The
interdiffusion of aluminium and the substrate alloy results in the formation of an
intermetallic compound/ coating. Typically, the NiAl phase is found in coatings on nickel

based alloys. Due to diffusion, the coating contains most of the alloying elements to a degree.

The coating morphology and the deposition rate depends on the pack activity, temperature
and processing time [87-89]. There are two classes of diffusion aluminide coatings, namely
the "inward" and "outward" type coatings. When the aluminium activity is high, inward
diffusion of aluminium occurs (reaction temperature between 760 and 982°C) at a higher rate
than outward diffusion of nickel. A surface layer of brittle Ni,Al, forms, hence a further heat
treatment is required to convert this phase to Ni1Al. With low aluminium activity (reaction

temperature between 982 and 1093°C) outward diffusion of nickel is predominant.
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The properties of aluminide coatings depend upon the process method, substrate composition
and subsequent heat treatments [89]. The coatings contain in excess of 30wt% Al and are
between 30 -70um thick [75]. These coatings performed well under oxidation conditions
since there was sufficient reserve aluminium to form the protective alumina scales. However,
under extreme hot corrosion conditions or at temperatures exceeding 1100°C the protection

offered was limited. This led to the development of the modified aluminide coatings [75].

1.8.3 Modified Aluminide Coatings

Modified aluminides are aluminide coatings in which alloying elements are incorporated to
improve the high temperature properties of conventional aluminides. The techniques used
to fabricate these coatings are as follows [75]:

1) co-deposition of elements from the pack or slurry

2) pretreatments of the superalloy surface before pack aluminizing

3) deposition of a metallic layer by electroplating or physical vapour deposition (PVD)

techniques followed by aluminizing (eg. platinum modified aluminides)

A number of additional elements have been shown to be beneficial to aluminides. The
modifying elements range from silicon, chromium , the "reactive elements” (eg. Yttrium) and
the noble metals such as platinum and rhodium. Doping the aluminide coating with reactive
elements has been shown to improve the high temperature corrosion resistance by improving
the oxide scale adhesion [90-94]. The effectiveness of reactive elements on the corrosion
properties is dependent on the processing parameters [95]. Silicon modified aluminides have
been used for some time. They have been shown to improve the high temperature corrosion

resistance, stability of the coating and to some extent the fatigue resistance of aluminide

coatings [96-97].

In chromium-modified coatings, chromium may be added to the aluminide coating by one

of the following processes [98]:

1. asingle step pack cementation process in which chromium and aluminium are deposited
in a single step (pack codeposition) or

2. chromium is provided by either the substrate or by a previous chromizing heat treatment

(two-step process).
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The codeposition of chromium and aluminium simultaneously had been considered to be
practically impossible due to the large differences in the diffusivity of chromium and
aluminium in nickel aluminide [98]. However, by adding aluminium decelerating activators,
deposition rates of chromium and aluminium of the same order could be achieved at 1100°C
[98]. The coating formed consists of a chromium rich outer layer with «-Cr precipitates. "A
short coming of codeposited chromium aluminide coating is that they often contain pack
inclusions as a direct consequence of their outward-grown diffusion coating" [99,100]. A
codeposition inclusion free coating, developed by Gleeson et al, has been shown to produce
two types of coating structures depending on the morphology and chromium distribution
[101]. The type I coating structure (figure 1.2) contains lamella a-Cr precipitates situated
in the surface region, while the type II coating structure contains small spheroidal o-Cr
precipitates throughout the intermediate layer [99]. Chromium enrichment of the coating
occurs by metallic inclusions and possibly solid state diffusion between the pack and the

specimen [102].

a-Cr Precizliates
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(a) (b)

Figure 1.2 :  Schematic illustration of the two types of codeposited chromium-modified
aluminide coatings [99]
a) TYPE I chromium-modified aluminide coating

b) TYPE II chromium modified aluminide
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In the two step chrome-aluminizing process the surface of the substrate is chromium enriched
prior to aluminizing. The diffusion chromizing heat treatment may be performed by either
chemical vapour deposition or pack cementation. The aluminizing heat treatment used
determines the final microstructure of the coating [99,103]. The use of a high activity
aluminizing post-heat treatment results in chromium enrichment of the coating by the
presence of a-Cr in the outer layer. This results in a typical three zone coating. When the low
activity aluminizing process is used, the outward growth of NiAl, results in the layer under

the coating being rich in chromium.
1.8.4 Platinum Modified Aluminides

The concept of platinum aluminide coatings has been historically attributed to Dr Lehnert
in 1970 [104,105]. Platinum modified aluminides are produced by a two step process,
namely, deposition of a thin layer of platinum (<10um) followed by an aluminizing process.
Platinum may be deposited on the substrate by electroplating, sputtering or fused salt
electrolysis. The aluminizing process may be performed by pack cementation or chemical
vapour deposition. The three most common commercially available platinum modified
aluminides are LDC-2, RT22 and JML-1. Of these three, the LDC-2 and RT22 are produced
by electroplating followed by pack aluminizing at 1030°C. In the JML-1 process the
platinum is deposited by the fused salt technique followed by a low temperature (700 to
750°C) aluminizing process. This coating has to undergo a subsequent high temperature heat

treatment to eliminate undesirable microstructural changes that occur [104].

The microstructural morphologies of platinum modified aluminides have been described
extensively in literature [106-115]. Microstructural features depend on platinum thickness
[106], prealuminizing heat treatments, the conditions and type of aluminizing process and
subsequent heat treatments. The morphology and final chemistry of the coating was
dependent on the initial platinum thickness [106]. With relatively thick platinum deposits
(=25um), refractory elements from the substrate are excluded from the outer regions of the
coating. Thinner platinum coatings limit the amount of refractory elements in the outer
regions rather than excluding these elements. Platinum remained concentrated at the surface

and acts as diffusion medium rather than a diffusion barrier for aluminium.
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A typical platinum- aluminide coating consist of : i) an outer zone rich in platinum and
aluminium, 1i) a middle zone, in which the concentration of aluminium and platinum
decrease while that of nickel increases towards the inner zone and ii1) an inner zone, enriched

in substrate-alloy elements, that is similar to the diffusion zone of the conventional aluminide

coatings.

Boone et al [108] investigated the structure and hot corrosion behaviour of platinum
modified aluminides produced by using different heat treatment processes and aluminizing
techniques. For the HTLA process platinum exists over a wider thickness range as PtAl,
dispersed in NiAl and /or platinum dissolved in low aluminium NiAl. The LTHA
aluminizing process results in an external layer of either PtAl, (resulting from low
interdiffusion of platinum during the prealuminizing heat treatment) or PtAl, + NiAl two
phase layer (for higher diffusion rates of platinum). The layer beneath the platinum rich
outer layer is essentially the normal NiAl zone. The greater amounts of substrate elements

near the surface has been observed for the LTHA process coating [113].

The effects of pretreatments on the structure and oxidation behaviour of d.c sputtered
platinum aluminide coatings were investigated by J.H. Sun et @/ [110]. Diffusion heat
treatments produced a continuous PtAl, phase outer layer with NiAl as a second phase, a
(NL,Pt)Al inner zone (beneath the PtAl) and the interdiffusion zone. In a laser melted
platinum pretreatment the outer layer consisted of PtAl, imbedded in NiAl, a (Ni,Pt)Al inner

zone and the interdiffusion zone.

Deb ez al [116] showed that the microstructure of the coating was dependent on the coating
process (sequence). For the Pt-Cr-Al HTLA type process the outer layer was a three phase
region consisting of «-Cr + NiAl + PtAl,. The zone below this was NiAl(Cr) followed by the
interdiffusion zone. The Cr-Pt-Al coating sequence resulted in a continuous PtAl, outer
below which was a NiAl(Pt,Cr) zone. An intermediate zone above the interdiffusion zone
consisted of a-Cr + NiAI(Cr). It was found that the coating performance was very much
dependent on the coating sequence. The coating for low temperature hot corrosion resistance

was obtained by the Cr-Pt-Al deposition sequence.
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1.8.5 Overlay Coatings

Although aluminide and modified aluminide coatings have satisfied the majority of the high
temperature applications in gas turbines, the need for a more "ideal" coating with a good
balance between corrosion resistance and ductility became apparent. This stimulated the
development of the overlay coatings. Overlay coatings are produced by the deposition of
corrosion resistant alloy on the surface, typified by the MCrAlY series of coatings where M
can be Fe, Ni, Co or a combination of these elements [29,83]. The coating alloy may be
deposited by using EB-PVD [74,82], plasma spraying [117,118], electron beam alloying
[119] and more recently high velocity oxygen fuel (HVOF) spraying of the coating [120].

The HVOF process was developed as a low cost alternative to low pressure plasma spraying.

Once the coating is sprayed /deposited onto the substrate a surface diffusion heat treatment
is performed to bond the coating to the alloy. The coating composition is comprised
essentially of the material sprayed and does not depend on diffusion of elements from the
substrate [121]. Interdiffusion between the substrate and coating only occurs to a limited
degree. The microstructure of overlay coatings are dependent on the coating composition and
the substrate [118]. Protection is provided essentially by the formation of Al,O, and Cr,0O,
scales, as in the diffusion type coatings [82,119]. The advantage of overlay coatings stems
from its flexibility in terms of coating alloy composition. The coating alloy can be designed

to meet the specific needs of the designer.
1.8.6 Thermal Barrier Coatings/Ceramic Coatings

The continuing drive to improve engine performance resulted in the need for thermal barrier
coatings (TBC) [122]. These coatings provide a thermal barrier to the substrate thus enabling
the engine to operate at higher working temperatures ( metal temperatures reduced by up to
200°C). Thermal barrier coatings have been successfully used in the flare head and primary
zone section of the combustors. The main limitation of thermal barrier coatings is their low
strain tolerance. The mismatch in thermal expansion coefficients of the substrate and coating

leads to spalling of the coating [78].
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Thermal barrier coatings are typically made up of a metallic bond coat (MCrALY) on top of
which a ceramic coat between 200-300um thick is applied [75,78,123]. The bond coat is
applied to improve the adherence of the ceramic coating to the substrate and improve the
corrosion resistance since the ceramic top coat is porous. The most commonly used method
to apply these coatings is plasma spraying And the most commonly applied ceramic layer

is yttria stabilized zirconia [124].

A number of approaches have been investigated in order to improve the thermal shock
properties and high temperatures corrosion properties of TBC [125-139]. These approaches
include altering the bond coat composition, the processing techniques and composition of
the ceramic coating [135-138]. The thermal fatigue properties improves with increasing
density [125,126,133,136]. In a review of TBC by James and Matthews [128] it was
concluded that "the optimum TBC will probably have a composite structure, consisting of

a dense interfacial layer and a thick columnar layer, involving two deposition conditions".
1.9 High Temperature Corrosion of Coated Alloys

Since the inception of coatings as a means to inhibit high temperature corrosion there has
been a continuing evaluation of various compositional variations and processing methods.
Most coatings for high temperature corrosion resistance rely on the formation of stable

chromia, alumina or silica surface scales.

Aluminides coatings at present are the most widely used coatings for gas turbines. Simple
aluminides have been shown to improve the oxidation properties of alloys but were
susceptible to hot corrosion conditions [82]. The effectiveness of aluminide coatings have
been shown to be dependent on the coating/substrate compatibility [140,141]. In a study of
various coatings on single crystal SX60A, SRR99,CMSX-2, CMSX-6, MMT143 and DS
MAR-MO002 [140] it was shown that although aluminide coatings in general improved the
high temperature oxidation and hot corrosion properties, it was most effective on MAR-
MO02. The overlay coatings tested showed an improvement in hot corrosion resistance when

compared with the aluminide coatings. The degree of protection offered by the overlay
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coating was dependent on the composition of the coating. Coatings which relied on Cr,0;

for protection performed poorly above 1000°C because of the formation of volatile chromia.

High temperature corrosion of aluminide coatings on IN783-LC and MAR-M002 at 700°C
and 830°C was investigated by Rhys-Jones and Swindells [142]. Corrosion tests on
commercial aluminides were performed in the following environments: 1) O, , 2) O, +
0.1vol% SO , and 3)Na ,SO , + O, + 0.1 vol% SO, . The aluminide coating provided
excellent resistance to in oxidation environments but only limited resistance to sulphidation
environments. The degree of degradation in the sulphidation environments was higher at the
lower test temperatures. The addition of Na,SO, deposit resulted in a marked increase in
degradation. The corrosion process followed two steps, namely, an incubation period

followed by rapid degradation of the coating.

Due to the susceptibility of aluminide coatings to high temperature sulphidation and hot
corrosion a number of modified aluminides have been developed. The corrosion/oxidation
resistance of several modified aluminides have been reported extensively in literature [143-
147]. Six coating systems; conventional aluminides, chromium modified aluminides, silicon
modified aluminides, platinum-modified nickel aluminide and platinum/rhodium-modified
nickel aluminides, applied to turbine blades were investigated by S.G. Russo[143]. After
2500 hours of engine operation the coating performance ranked from best to worse was as
-follows: platinum/rhodium modified aluminide > platinum modified aluminide >silicon-
modified aluminides > conventional aluminide (type a) > conventional aluminide (type b)
> chromium-modified aluminide [143]. Even though chromium -modified aluminides fared
worse than the conventional aluminides in aviation and marine environments, it has been
shown to offer an improvement on aluminides in burner rig studies simulating the industrial
environment [148]. Godlewski and Godlewska [149], reported that chromium had a
beneficial effect on the oxidation and hot corrosion properties of aluminides. The processing
parameters were also important with the high activity pack process offering better resistance

than the low activity pack.

The platinum modified aluminides have been the most effective in terms of improving the

high temperature corrosion properties over the conventional aluminides [150-156]. The
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evaluation of the cyclic oxidation and hot corrosion of diffusion aluminides and CoCrAlY
overlay coatings on nickel-base superalloys showed that platinum aluminides produced a
substantial improvement of the cyclic oxidation and high temperature hot corrosion
properties but had little influence on the low temperature hot corrosion properties
[150,152,153]. The corrosion resistance of platinum modified aluminide coatings is
dependent on the substrate, coating morphology, and the coating process. The HTLA type
platinum aluminides offer better corrosion properties than the LTHA platinum aluminides
due to the rapid diffusion of aluminium to the coating surface [152]. Platinum aluminide
phases close to the surface promotes the selective oxidation of aluminium and reduces the
effect of other alloying elements [153]. Alloys with high molybdenum and tungsten content

reduce the protective properties of coatings [157].

Wu et al [158] performed electrochemical corrosion measurements with platinum
aluminides and platinum free aluminides in Na,So, hot corrosion environments. Platinum
improved the resistance of the coating to basic fluxing , however, there was no significant
improvement for acidic fluxing conditions. The platinum modified coating had a broader
passive region and the corrosion rates were significantly lower as well. The reasons for the
higher corrosion resistance of platinum aluminides were attributed to the high corrosion

resistance of the platinum rich layer and an increase in the AL,O, content in the scale.

The improved high temperature corrosion properties of platinum aluminides may be ascribed

to the following effects of platinum :

i) improved oxide adhesion over the conventional aluminides in cyclic oxidation tests
[154,155]

11) 1mproved stability of the coating [159,160]

ii1) promotes diffusion of aluminium to the surface which enhances the formation of
protective oxides

iv) inhibits the cracking and spalling of the a-Al,0, scale [156].

MCrALlY type overlay coatings have been designed specially for the protection of turbine hot
section components against hot corrosion induced by molten salts and aggressive

environments. These coatings offered good protection under high temperature burner rig
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tests. High aluminium levels in MCrAlY systems generally improve the high temperature
oxidation resistance, however, with the penalty of reduced ductility [83]. Under low and
intermediate temperature corrosion conditions, 650-850°C, MCrAlY coatings do not perform
so well [83]. By altering/developing new overlay composition the "low" temperature marine
and industrial application may be improved. The evaluation of a composite coating of
MCrAlY + Al + Pt + Cr has proved beneficial to the properties of the coating system [161].
Although overlay coatings have been shown to have excellent high temperature corrosion
properties the modified aluminides has received increased interest as a low cost alternative

to these coatings.
1.10 Mechanical Properties of Coatings

The primary function of coatings was to offer environmental protection from the ability to
form thin continuous protective oxide scales. In order for this function to be fulfilled the

coating must not be breached due to mechanical loading or thermally induced cracking.

The ductile to brittle transition temperature (DBTT) for various aluminides is shown in table
1.6 [10]. The coating ductility is dependent on the coating type, thickness and temperature

range over which the maximum strains have to tolerated.

Table 1.6 : DBTT temperature various aluminides [10]
Aluminide Estimated DBTT Range
NiAl 868°-1060°C
CoAl 878°-1070°C
PtAl, 870°-1070°C
Ni;Al 730°-900°C
Ni,Al, 570°-710°C

Hancock ef al [9,162] showed that the DBTT varies between 750 and 950°C with increasing
coating thickness. Diffusion aluminides are metastable by nature and their composition,
structure and mechanical properties will vary with thermal exposure, hence, influencing their

DBTT [10]. Extensive formation of y' at 1100°C [163-166], due to the depletion of
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aluminium as a result of oxidation and diffusion into the substrate, results in an increase in

the coating fracture strain from 0.52-0.65% to 5-8% [163].

Coating composition and processing methods also play an important role in the coating
mechanical properties. Chromium and silicon modified aluminides are more brittle than
conventional aluminides [16]. However, the crack morphology in aluminium and Al-Cr
systems where similar, with cracks being discontinuous and branched. Codeposition of
aluminium and chromium instead of the two step process produced better mechanical

properties.

The creep-rupture and fatigue life of alloys were shown to be reduced due to the presence of
coatings [2-4,18,13]. Although coatings reduced the fatigue life, the fatigue penalty was
small compared to the effect of the environment on the alloy fatigue characteristics [4]. The
degree to which coatings affected creep and fatigue properties depended on the coating
system and substrate. Schneider et a/ [2] showed that while aluminium coatings reduced the
creep life, chromized alloys experienced an increase in creep life. Coatings have a much
larger influence on the directionally solidified (DS) alloys than the conventionally cast alloys
[8]. The rupture life of the DS alloy was reduced even though the rupture ductility was not
reduced. Higher operating temperature reduced the effects of coating on the mechanical

properties. The creep rupture properties were controlled by micro cracking of the coating [8].

Thermo-mechanical fatigue properties of coated superalloys were also reduced due to
coatings. Aluminide coatings reduce the thermal fatigue lives of high temperature alloys for
strains less than 0.8%, however, for strains greater than 0.8% the coating has little or no
influence on the thermo-mechanical fatigue behaviour [16]. This behaviour was due to the

different failure mechanisms that occur above and below this critical strain value.

Thermo-mechanical fatigue tests performed on aluminide and Co-Cr-Al-Y overlay coatings
by Scneider et al [2] revealed the inherent brittleness of coatings. For a strain of 0.25% the
aluminide coating failed after only 10 cycles while the overlay coating was significantly
better, failing after 500 cycles. It was also demonstrated that increasing the aluminium

content of the overlay coating significantly impairs the thermo-mechanical fatigue properties
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due to the formation of brittle CoAl. A comparative study on the thermo-mechanical fatigue
of aluminide coated and uncoated unidirectionally solidified MAR-MO002 revealed that the

number of cycles to first crack was in the order of 5 to 8 times faster for the coated alloy

compared to the uncoated alloy.

Wood and Restall [167] showed that the HCF properties of overlay coated single crystal
nickel-base superalloy were dependent on the DBTT of the coating and the thermal
expansion coefficient mismatch between the coating and the substrate. Higher temperatures
(1000°C) produced lives similar to the bare alloy since the DBTT was exceeded and

thermally induced stresses were less significant.

In summary the crack initiation during thermo-mechanical fatigue is dependent on [15]:
i) the thermo-mechanical strain range, ii) coating ductility or fracture strain, ii1) peak tensile
strain temperature (peak tensile strain may occur below the DBTT of the coating), iv) the

maximum temperature and v) coating/substrate thermal expansion mismatch strain.

1.11  Effect of Environment on the Mechanical Properties of Coated

Superalloys

Although the effect of coatings on the mechanical properties of superalloys has received
much attention, the effect of environment on the mechanical behaviour of coated alloys has

been less studied.

Holmes and McClintock [168] investigated the influence of thermal fatigue strain history on
the hot corrosion attack of a nickel-aluminide coating. Coatings were applied by packed
cementation to stepped-disk specimens machined from Rene N4 nickel-base superalloy. The
disks were then thermally cycled to simulate the severe thermal and strain transients
experienced by gas turbines. Hot corrosion was studied by applying Na,SO, to the specimen
and controlling the partial pressure of O,, SO, and SO; in the test environment. It was found
that the hot corrosion attack was dependent on the strain history. For high strains the coating

was completely penetrated by sulphides whereas for low strains only minor surface oxidation
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was observed. At higher strain levels the surface oxides cracked, hence, allowing the Na,S0,

to react directly with the coating/substrate.

The effect of HTLCF on the failure of coated nickel-base superalloy in H,S containing
atmosphere at 650°C was investigated by Aghion et al [169]. Aluminide coated directionally
solidified MAR-MO002 was subjected to creep-fatigue loading in air, argon and Ar + 0.05%
H,S. The H,S environment was shown to be very aggressive and resulted in an accelerated
failure compared to air and argon atmospheres. The crack growth rate was controlled by the

combined effect of mechanical loading and environmental interaction ahead of the crack tip.

Czech et al [171] reviewed the effect of environment on the mechanical properties of coated
superalloys and gas turbine blades. The coating performance depended on the coating
thickness, process and type of coating. Fatigue tests performed on various aluminium based
coatings on IN100 at 950°C in a hot gas environment with tensile stresses of 254 and 300
MPa revealed that coatings which are less than 50um thick improved the fatigue life
compared to uncoated alloys. The heat treatment processes by which coatings were applied
can also influence the creep rupture properties in hot gas environments due to changes in the
microstructure. Although Cr-Al coatings protected the alloy under corrosive conditions, the
times to rupture at high stresses (170 MPa) did not show an improvement over the uncoated
material [171]. This was as a result of cracks in the coating which propagated to the
substrate. However, at lower stresses (140 MPa) the coating did provide protection in hot salt
corrosion. After 700 hours the chrome aluminide coating was completely consumed under
these conditions. The MCrAlY type coatings, however, did offer better protection. Even
under high stresses this coating underwent ductile deformation over cracks in the substrate

[171].

Low cycle and high cycle fatigue of RT22 coated and uncoated Udimet 720 in air and hot
corrosion conditions at 732 and 704°C were also studied [171]. Udimet 720 in the salt
containing environment had a far lower low cycle fatigue strength than in air due to pitting
which leads to crack initiation. The effectiveness of the coating depended on strain. For Ae,
> 1% the coating failed resulting in the salt environment being able to attack the substrate.

For low strain ranges Ae, < 1% the low cycle fatigue lifetime in air was matched in the hot
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corrosion environment. This led to the conclusion that the protective coating must have a low

enough DBTT for it to follow an alternating stress under operating conditions.

For the high cycle fatigue tests the performance of the coated alloy was dependent on the
stress levels [171]. For low stress levels the RT22 coating did provide an improvement in the
fatigue life in the corrosive salt environment. The coating reduces the fatigue life in air
slightly but had no effect on the endurance limit. In the corrosive environment the cracks had

initiated mainly from pits that formed along the gauge length.

The corrosion attack may be either general or specific, depending on the level of mechanical
or thermal stress and the corrosive environment. In the case of general corrosion the cross-
section of the component was measurably reduced resulting in an increase in stress and creep
rate. Selective corrosion occurred when cracks were initiated and penetrated the coating.
Corrosion attack proceeds along these cracks. Hence, when selecting a coating the designer
must ensure that coating must have adequate resistance to corrosive environment, and a

sufficiently high ductility so that cracks do not initiate readily in the coating.
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CHAPTER TWO

2. EXPERIMENTAL PROCEDURE

MAR-MO002 Nickel-base superalloy was received in the form of unidirectionally solidified
bars. Creep-fatigue specimens were machined form the bars and disc samples were prepared
for the corrosion tests. Coating and heat treatment procedures were then performed on the
samples. High temperature creep-fatigue tests were performed on the fatigue samples at
870°C under a constant loading regime in air, argon and Ar + 5 vol% SO, environments.
Corrosion tests were conducted on unloaded disc samples in air, argon and Ar + 5 vol% SO,
at 870°C for five hours. The results were analysed using the scanning electron microscope

with EDS analysis, X-ray diffraction analysis and auger electron spectroscopy.

2.1 Test Specimens

21.1F atigué Specimens

Fatigue specimens were turned from the bars with the configuration shown in figure 2.1. The
design of the specimen took into account the capabilities of the experimental system, the

specific testing conditions, and the dimensions of the bars received.

Due to the limitations on the loading capacity of the hydraulic loading system the diameter
of the specimen neck was limited to 4mm. The gauge length had a hour glass shape. It was
designed such that the control environment was confined in this region and to minimize the
possibility of buckling [172] of the specimen. The collars were used to attach the linear
variable differential/displacement transducer (LVDT) to the specimen neck in order to
measure the strain across the gauge length. The thicker constant diameter sections on either
end were included for shock absorption when the strain cycle was reversed. The threaded

sections were used to attach the specimen to the grips.
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Figure 2.1: a) Directionally solidified bar and the coated fatigue specimens
b) Actual dimensions of the fatigue specimen
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2.1.2 Corrosion Disc Specimen

Corrosion disc samples were prepared in order to perform exposure tests on the unloaded
material. The dimensions of the corrosion disc samples had to comply with the requirements
of the X-ray diffraction apparatus sample holder. The diameter of the disc sample was
approximately 13mm and the thickness of the sample was less than 2 mm (figure 2.2). For
these specimens the dimensions of the specimen were not critical as the tests were of
qualitative and only gave an indication of the corrosion product present as a result of
exposure to the various environments. The specimens were polished to a surface finish of

6um. This was followed by the coating processes and heat treatments.

L

3 HJ.S mm

Figure 2.2 : Dimensions of disc samples used for high temperature exposure tests

2.2 Coating Procedures

Three coating systems were investigated, namely; aluminide coating, platinum coating and

platinum aluminide coating.

2.2.1 Chrome-aluminide Coating

The chrome-aluminide coating was applied using the packed cementation process (Nofte that
the chrome-aluminide coating will be referred to as an aluminide coating from here on for
ease of discussion). The pack powder was composed of alumina, chromium, aluminium,

nitrogen (trace amounts) and ammonium chloride activator. The ammonium chloride
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activator was added to the powder just before the coating process. The pack powder was
then thoroughly mixed prior to the coating process in order to obtain the correct

homogeneity.

Application of the coating involves four steps, namely, the surface preparation, installation
of the sample onto the treatment cases, the diffusion treatment and finally unloading and

cleaning of the coated parts.
2.2.1.1 Surface Preparation

The parts are subjected to sand blasting within 15 hours prior to being placed in the treatment
boxes. After sand-blasting the samples were handled with care (using gloves) to avoid

contamination of the surface.
2.2.1.2 Installation into the Treatment Cases

A batch of several cases can be treated at the same time. The samples were laid into the cases
and progressively filled with the pack powder. It was ensured that the parts did not touch
each other or the case sides (figure 2.3). The case is then covered with a non-sealing lid. The

top layer of the powder was at least 10mm thick.

J10 mm

'30 mm

J3omm

Figure 2.3: Installation of samples into the treatment cases
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2.2.1.3 Diffusion Treatment

The cases were placed in a sealed enclosure (figure 2.4). The enclosure was purged with
argon and then introduced into the furnace. The enclosure was continuously purged with
argon up to a temperature of £800°C. Above 800°C purging was continued with hydrogen

for the duration of the coating treatment.

The coating treatment was performed at 1030°C for 12 hours. The purging process was
maintained throughout the heating cycle and during the cooling cycle the purging sequence
was simply the reverse of the heating sequence. In order to prevent interaction with ambient

air, the cases were opened when the pack temperature was no greater than 50°C.

Bell
oo | T cues
0 1030C
//_\
Crucible with
Specimene In
Coating Pack \
S— M) "
-J Ahﬂ“ph."
0o 0o
— 0o 0o
AN
AN
\—— Thermocouple
Gas

on gas up *

Hydrogen above 800 °C

Figure 2.4 : Schematic illustration of the coating process apparatus
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2.2.1.4 Unloading and Cleaning

The parts were carefully unloaded and sandblasted lightly to eliminate any trace of pack-

powder. If sand-blasting was not carried out on the same day , the specimens were washed

in luke warm water after removal from the oven.

2.2.2 Platinum Coating

Platinum was deposited on the specimens by electroplating. The coating thickness that could

have been achieved depended on the age and quality of the electrolytic bath.

Rectifier / Anode
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B
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Filtration
System

Figure 2.5: Schematic illustration of the platinum electroplating process

The samples were first cleaned using an organic solvent. This process can be performed at
either room temperature or at some higher temperature. The second step involved degreasing
in a "mixture of chemicals", which was alkaline with NaOH as the major constituent (the
exact composition of the mixture was not revealed by the source). Mineral acid was used for
the activation step. This step removed the surface oxide layer and makes the surface more

reactive. A thin coating of nickel was then applied, by the nickel strike process, to improve
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the adhesion. Approximately 2um of nickel was then deposited onto the surface by a
standard electrolysis nickel process at 85-90°C. This step improved the base by covering
inhomogeneities on the surface. The surface was then coated with a thin layer of gold (gold
flash) to improve the adherence between the platinum and nickel. The final step was the

application of the platinum layer using a standard electrolytic bath (figure 2.5) at 55-65°C.

The first batch of samples received (which were used to produce the TYPE I platinum
aluminide coating) had a coating thickness of between 8 and 10um. However, due to the age
of the electrolytic bath, the samples that were coated with platinum only had a coating
thickness between 4 and 6um. A few samples with an initial platinum thickness of 2 um

were also produced for aluminizing.

2.2.3 Platinum Aluminide Coating

The platinum aluminide coating was produced by a two step process. Firstly, a platinum
layer was electroplated on the specimen surface using the procedure described in the
previous section. This was followed by the application of the aluminide coating via the
packed cementation process described in section 2.2.1. It must be noted that the

prealuminizing treatment was not performed.

2.3 Heat Treatment Procedure

The coated and uncoated samples underwent subsequent heat treatments. The uncoated,
aluminide and platinum aluminide samples underwent an aging heat treatment in a vacuum
furnace at 870°C for 16 hours. The pure platinum coated samples were subjected to a
simulated coating heat treatment at 1030°C for 12 hours followed by the aging heat treatment
at 870°C for 16 hours.
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2.4 The Experimental Setup

A schematic illustration of the thermo-mechano-chemical system is shown in figure 2.6. The
experimental apparatus was composed of two subsystems : the creep-fatigue loading
apparatus and the gas mixing system. The complete experimental setup (figure 2.7) was

capable of supplying the required atmosphere and loading conditions.

2.4.1 The creep-fatigue loading apparatus

The creep-fatigue loading system consisted of the split oven furnace and a standard
electronically controlled servo hydraulic MTS testing system. The MTS machine consists

of the electronic control unit and the servo hydraulic loading system (figure 2.8). The

specimen was loaded onto the loading frame using austenitic stainless steel grips shown in
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3. Gas flow meter for argon 11. Spiit oven furnace
4. Gas flowmeter for SO, 12. Corrosion chamber
5. Conical mixing chamber 13. Type K thermocouple
6. Unidirectional valve 14. Fluke thermometer
7. Pressure gauge 15. Exhaust system

8. Safety valve

Figure 2.6 : Schematic illustration of the thermo-mechanical loading system
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Figure 2.7 :he thermo-mechano-chemical experimental system

Figure 2.8 : The MTS loading frame and electronic control system

figure 2.9a. Loading of the fatigue sample was achieved via an hydraulic piston which could

be controlled by either load feedback or displacement feedback which was obtained from the
LVDT fitted to the piston.

A three zone Severn split oven furnace (Model SF 114/40/32/F) (Figure 2.9b) was used. The
furnace had a core diameter of 114mm, outer case diameter of 300mm and length of 400mm.
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The heat was produce by electrical heating coils situated in three zones, namely, the top,
centre and bottom zones. Control of the temperature was achieved using a three-zone
electronic control unit (Model CU3ZC/815S) fitted with three Eurotherm 815S closed loop
controllers (figure 2.8). Each zone could be controlled independently. Ceramic insulation
blocks were used to seal the open ends of the furnace to ensure that there was no excessive
heat losses. The furnace was capable of 1100 °C £ 1°C. Due to inherent heat loses around
the sealing blocks, the core temperature of the furnace was between 50°C and 100°C below

the temperature measured close to the coils.

a

Figure2.9: a) Specimen mounted in load frame using austenitic stainless steel grips
with corrosion chamber in place.

b) Specimen attached to the loading frame with the LVDT in place.

Strain was measured using a SANGAMO type AES linear variable differential transducer
(LVDT). Strain transfer rods attached to the collars on either end of the fatigue specimen
gauge length was used to transmit the strain to the LVDT situated outside the furnace (figure
2.9b). The LVDT was cooled using a fan to avoid excessive heating of the device as a result

of heat radiated from the furnace. The signal was conditioned and amplified using an
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electronic LVDT signal amplifier to produce an output of £ 10V. The strain measuring range
of the LVDT assembly was = Imm. Before performing the fatigue tests the LVDT was
calibrated using a micrometer with an accuracy of + 0.005 mm. The output from the LVDT
was connected to a X-Y plotter and the data display unit of the MTS control panel. The load
feedback was relayed from the MTS controller to the X-Y plotter. This enabled continuous
monitoring of the load and strain. Stress-strain hysteresis loops were produced using the X-Y

plotter.

In order to ensure that the specimen was exposed to the required temperature, the temperature
close to the neck was measured using type K (chrome alumel) thermocouple. The
thermocouple was attached to a Fluke digital temperature meter (model 51) which was used

to monitor the temperature continuously.
2.4.2 Gas mixing and delivery system
The gas mixing system (figure 2.10) was capable of supplying a controlled gaseous

environment to the neck of the specimen with a slight overpressure to ensure that the

environment was not contaminated by air.

Figure 2.10 : The gas mixing system
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The gas cylinders supplying the required gaseous environments were stored outside the
laboratory (figure 2.11) as a safety precaution. Only argon (99.999% pure) and SO, (99.98
pure) were used in this research. Regulators were fitted to the cylinders to monitor the

amount of gas in the cylinders and to regulate the gas flow out of the cylinder.

The gas mixing system was capable of mixing up to four gases in various proportions. Four
flowmeters were used namely: two Matherson MFTV-33 electronic flow regulators and two
Brooks rotameters (figure 2.10). For the current research only two flow meters were
required. It was found that the electronic flowmeters were sensitive to the corrosive gases,
especially the SO,, hence, the rotameters were used for all the tests. The electronic flow
meters were installed as a backup to the rotameters in the case of problems encountered with
these flow meters during a test. The rotameters consisted of two different types,
differentiated by their flowrate capacities. The one flowmeter was capable of approximately
30 I/min while the second was capable of approximately 3 I/min. The flowmeter with a
flowrate of 30 1/min was used to control the flowrate of argon while the 3 I/min rotameter
was used to measure the SO, flowrate since it was more accurate with the lower flowrates.
Flow rate calibration curves were obtained for the rotormeters which took into the account
the different physical properties of the gases to ensure an accurate control of the volumetric
flow rate of the gases. The fittings and float in the rotameters were manufactured from

stainless steel in order to avoid problems with corrosion.

L

Figure 2.11 : Storage facility for the gas cylinders outside the laboratory
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The measured gas flowed through coils and a one way valve before entering a conical mixing
chamber. The coils present before the mixing chamber caused the flow to become turbulent
and hence ensures thorough mixing of the gas in the mixing chamber. A venturi pipe design
was used to measure the back pressure of the system. A one way valve ensured that there was
unidirectional flow of gas. In order to protect the gas flowmeters in the case of clogging of

the piping in the furnace, a safety valve was fitted in the system.

The mixed gaseous environment was conducted to the neck of the specimen (figure 2.9a) via
stainless steel piping. The pipe was coiled in the furnace to ensure preheating of the gas
before it entered the region around the neck of the specimen. The hot gas was confined to the
neck of the specimen using a split corrosion shell (figure 2.9a) which fitted loosely around
the neck. The gas entered the corrosion shell through a centrally located hole (figure 2.9a)
on one half of the shell. A type K (chrome-alumel) thermocouple was inserted into a
centrally positioned hole on the second half of the shell in order to measure the temperature
close to the neck of the specimen. The excess gas flowing out from the corrosion shell was
collected by a stainless steel hood and expelled from the laboratory via a exhaust system

(figure 2.12). An extractor fan was used to force the gas out of the laboratory.

Figure 2.12 : Gas exhaust system
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2.4.3 Corrosion chamber

Corrosion tests were performed on unloaded disk samples using the corrosion chamber
shown in figure 2.13. The corrosion chamber was manufactured from 316 stainless steel and
was capable of maintaining a positive pressure. The specimen was held in a specimen holder
such that it was exposed directly to the incoming gas (figure 2.13b). The control atmosphere
was fed in through a centrally located hole and a thermocouple was inserted through a hole
directly opposite the gas inlet to measure the temperature in the corrosion chamber. Excess
gas was exhausted through a hole drilled in the roof of the corrosion chamber as indicated
in figure 2.13b. This ensured that there was always a fresh supply of gas in the chamber and

there was no excessive build up of pressure in the corrosion chamber.

Figure 2.13: a)  Corrosion chamber
b)  Corrosion chamber open showing specimen location

2.5 The Parameters Selected for the Creep-Fatigue Loading

The strain range partitioning method of testing was adopted for the high temperature low
cycle fatigue tests (HTLCF). The creep-plasticity mode of the SRP method [22] was selected
because it contained creep in tension which exerts a significant influence on the failure

processes in HTLCF. There are several techniques of producing creep tension and plastic
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compression, namely; the tensile stress hold method, tensile strain hold method and the
low/high strain rate method [22]. Of theses three methods the low/high strain rate method
was selected because the MTS control system could not generate the more complex loading

cycles.

A constant strain range of 0.66% was maintained across the neck of the specimen. The strain
cycle constituted a tensile strain rate of 2.64x10™ /sec and a compressive strain rate of

6.6x107 /sec (figure 2.14). The slow tensile strain rate ensured creep in tension and rapid
Stress Strain

£=12.64 x 10™ sec™

Inelastic |
Strain

Time

£=66 x 10* sec”

Figure 2.14 : The stress-strain loading cycle used

compressive strain rate ensured plastic compression. The strain range selected wassuch that
the time to failure was sufficient to give an indication of the effect of the environment on the
failure mechanism of the material and the time to failure was sufficiently low due to
availability of the test apparatus. Although this strain range would result in a tensile strain
(0.33%) very close to the fracture strain of aluminide coatings (0.03% to 0.45% -dependent
on coating thickness[7]), it was within the strain ranges used for thermo-mechanical fatigue
and low cycle fatigue reported in literature (as low as 0.25% [2] to S.R. > 0.66% [16, 17,
171]). The test environments were air, argon and Ar+5%3S0 ,. The high concentration of SO
» used was selected to magnify the effect of sulphur bearing atmospheres on the fatigue
failure. The argon and air environments were investigated for comparative purposes. All
fatigue tests were performed at 870°C. The temperature selected took into account the
capabilities of the furnace and was comparable with corrosion and fatigue tests presented in

the available literature.
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Due to severe cracking of the coating it was decided to perform further fatigue tests at a
lower strain range in order to avoid pure mechanical failure of the coating. The environment
selected for these tests was the sulphur containing atmosphere since it was basis of this
study. Tests in air and argon atmospheres were not performed at this strain range because of
the time constraints and the availability of material. Initial tests were performed at 0.44%
strain range and 0.38% strain range (table 2.1) on aluminide coated MAR-MO002 in Ar +

5%S0, in order to establish a suitable strain range for further tests.

Table 2.1: Strain ranges investigated for the low strain range tests.

Strain range # of cycles to failure Time to Failure (Hrs)
0.44% 1333 9.6
0.38% 6769 48.8

The 0.38% strain range was selected for further tests. The test temperature was maintained
at 870°C and only the Ar + 5%SO, environment was investigated. These conditions were
selected in order to establish an indication of the comparative performance of the various

coating systems under the combination of sulphidizing environment and fatigue loading.

Corrosion tests were performed on unloaded disc samples in air and Ar + 5%SO, at 870°C
in order to determine the corrosion products formed due to the environment. The corrosion
specimens were exposed to the environments for 5 hours . The exposure time selected was

deemed sufficient to obtain a representative evaluation of the corrosion products obtained.
2.6 Methods of Metallurgical Analysis

The creep-fatigue fracture samples and corrosion samples were analysed using the scanning
electron microscope (SEM) with EDS analysis, Auger electron spectroscopy (AES) and x-ray
diffraction. Preparation of the creep-fatigue samples involved preparing one of the fracture
surfaces for fractography, EDS analysis and AES. The second fracture surface was cut
longitudinally and metallographic samples of the longitudinal and transverse cross-sections
were prepared. The samples were polished and then etched. A 10% phosphoric acid
electrolytic etchant, with a dc voltage of 2V was used. The metallographic samples were
analysed using the SEM and EDS analysis. X-ray diffraction analysis was performed on the

corrosion samples in order to establish the corrosion products obtained.
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2.6.1 Scanning electron microscopy (SEM) with energy dispersive spectroscopy (EDS)

detector

Two makes of scanning electron microscopes were used, namely, the Hitachi 520 and the
Joel JSM 6100 with a Noran EDS detector. The Hitachi 520 was used for photography of the
fracture surface and metallographic samples only. The Joel was used for chemical analysis
and photography of the metallographic samples. The Hitachi was fitted with secondary

electron and backscatter detectors.

The Joel SEM was fitted with a secondary electron, backscatter and EDS detectors. The EDS
detectors was capable of detecting elements down to boron. The analysis of the EDS
spectrums were performed using the Voyager spectrum analysis program. This system was
capable of spot chemical analysis, line scans and X-ray mapping. In order to optimize the
resolution of the image and to ensure that the X-ray emission was of the expected phase an
acceleration voltage of 25kV and working distance of 15 to 17mm was used. Electron beam
spot size was approximately 10nm while excited volume had a diameter of approximately
1pum, hence, the minimum particle size that could be analysed was approximately 1pm in

diameter.
2.6.2 X-ray diffraction Analysis (XRD)

X-ray diffraction analysis of the corrosion disc samples were performed to determine the
phases present in the corrosion product. A Philips x-ray diffraction Analysis system with a
cobalt K, X-ray gun was used. The samples were scanned between angle 20 of 20° and
100°. The x-ray diffraction spectrums obtained were analysed using the diffraction data
tables available. The x-ray results obtained were purely of a qualitative nature, giving an

indication of the phases present on the sample.
2.6.3 Auger electron spectroscopy (AES)

Auger electron spectroscopy was performed on the fractured samples in order to determine
the presence and amounts of light elements present. The auger spectrum was acquired and

processed by a computer package developed by the CSIR, Pretoria , South Africa.



59

AES Analysis was performed on the fractography samples only. Part of the fracture surface
of the samples was ground at a angle of 10° (Figure 2.15) and polished. Polishing of the
angled surface was done in order to obtain a more accurate analysis of this region. The
fracture surface was not polished as analysis of the corrosion product on the surface was
required. Due to irregular surface the analyses of this region was not as accurate as a polished
surface, however , it served to give an indication of the elements present and their relative
quantities. Point analyses were performed on the fracture surface (figure 2.15, point F), just
below the fracture surface (figure 2.15, point I) and of the bulk material (figure 2.15, point

' i

Figure 2.15 : Schematic illustration of fracture samples prepared for AES Analysis

The results obtained using an acceleration voltage of SkV produced spectra with excessive
noise. Using an acceleration voltage of 10kV instead produced acceptable results. Another
problem encountered was the presence of contaminants on the specimen surface which
resulted in excessive noise and unacceptable amounts of carbon in the analysis. Sputtering
the surface for longer periods and sputtering during the acquisition of the spectrum solved
this problem to a large degree, however, there are a few results which displayed excessive

amounts of carbon.

The AES spectra obtained were analysed qualitatively and quantitatively using the standard
spectra for the various elements. Due to the overlapping of the oxygen and chromium peaks,
the quantitative analysis of the spectrum had to be adapted to accommodate this problem.
The technique used was as follows (Consider the standard spectra of oxygen and chromium

in figure 2.16):
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2. since the "lower half" of the peaks are relatively unaffected by the overlap of the spectra,
the "lower half" of the acquired spectra are measured.

3. the measured "lower half" of the spectrum generated were then .multiplied by the ratio,
T/B, to obtained a corrected value for the "top half" of the chromium and oxygen peaks.

4. The measured lower and calculated upper peaks were summed to obtain the net peak to

peak values for the oxygen and chromium peaks.

The atomic weight percent of the elements were obtained using the following equation

Ix

Sy
ATOMIC WEIGHT % OF ELEMENT X :—7 2.1
p

i

where [ - was the peak to peak intensity of the element x

S, - was the relative elemental sensitivity factor of element x

There are several inherent flaws with this method of quantitative Analysis. These are : (1)
the matrix effect on electron escape depths and backscatter factors, (2) chemical effects on
peak shapes, and (3) surface topography. Hence, the results obtained using this analytical

technique will give a qualitative indication of the amounts of elements present.
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3.1 CHARACTERIZATION OF THE MATERIAL SYSTEMS

3.1.1 Uncoated MAR-M002

MAR-MO002 nickel base superalloy was received as unidirectionally solidified bars. The

chemical composition (Table 3.1) of the material was determined for comparison with

nominal composition of the alloy.

Table 3.1: The chemical composition in weight percent of MAR-M002 nickel-base

superalloy
Ni Cr Co | W Ta | Al Ti C Zr Hf | Others
Material as Received || 59 89 104 (102 |18 [52 135|035 [023 |19 | 0.16Fe0.1Nb
Nominal compositon 61 9.0 100 | 100 |25 [55 (15 014 [0.05 |15 | 0.0158

as per reference 173

In order to establish the consistency of the mechanical properties, Vickers hardness tests

were performed on several samples. A nominal hardness value of 414 HV was obtained.

Metallographic examination of cross-sectional samples revealed a dendritic type

microstructure with dendrites growing in the direction of solidification (figure 3.1).

The interdendritic zone (figure 3.1b) was composed of y-y’ eutectic and grain boundary

carbides. The larger carbide particles were made up of mainly Hf, Ta, Ti, and W with Hf

and Ta making up the major constituents. The smaller blocky carbides were made up of

mainly Hf with smaller amounts of Ta, W and Zr. From the analyses of the different

regions in the interdiffusion zone it was evident that Hf and Zr were concentrated in this
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0006 25kW X750 18vm WD1?
Weight Percent
Element A 7 - o Dgc;riir:ic g;;?r:ii
Al 7.63 0.00 0.00 6.52 6.43 6.67
Ti 2.78 10.75 0.58 2.26 1.45 1.57
Cr 3.34 0.45 0.59 4.45 6.34 6.68
Co 7.69 0.52 0.68 8.04 8.06 8.29
Ni 67.77 2.14 4.94 65.83 60.20 61.48
Zr 0.21 0.00 1.42 0.00 0.49 0.00
Hf 2.24 38.24 78.62 291 0.92 1.56
Ta 1.58 37.88 10.33 2.80 2.46 3.10
W 6.75 10.01 2.83 7.20 13.66 10.64
Figure 3.1 : Metallographic examination of directionally solidified MAR-MO002 as

received.
a) Overall picture showing dendrites in the direction of solidification.

b) The interdendritic segregation zone.

region when compared with the analysis of the dendritic grain. The dendritic grain was
made up of a high volume fraction of y’. This region showed a higher concentration of the

solid solution strengthening elements Cr, Co and W.
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The X-ray diffraction analysis of an uncoated sample after aging at 870°C for 16 hours
(figure 3.2) revealed that Ni;(Al,Ti) v’ formed the major constituent in the alloy. Smaller

amounts of Ni;Ta, Ni,Al and Ni,Ti y’ were also present.
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Figure 3.2 : X-ray diffraction analysis of uncoated MAR-MO002 after aging at 870
°C for 16 hours.

3.1.2 Aluminide Coated MAR-M002

A high temperature low activity process was used to produce an aluminide coating with the

microstructure shown in figure 3.3. The coating had a typical two zone structure, consisting
of the coating (NiAl) layer and interdiffusion zone.

The coating layer was enriched in nickel and aluminium with relatively "small" traces of
the substrate elements. The interdiffusion zone showed a higher concentration of the
substrate alloying elements, namely, W, Cr, Ta and Co. The tungsten content in the

interdiffusion zone was substantially higher than that in the substrate and the coating layer.
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488 1ovn HDis

Weight Percent
Elements
A B & D
Al 26.57 | 26.06 9.21 6.07
w 5.06 6.45 16.15 9.87
Ti 0.71 0.63 2.08 1.55
Cr 5.99 5.65 10.58 6.62
Co 7.48 8.59 10.18 9.33
Ni 50.63 | 51.93 | 46.55 | 61.85
Hf 135 0.14 1.08 0.12
Ta 2.02 0.55 2.36 2.35
Zr 0.00 0.00 1.81 2.27

Figure 3.3: Cross-section showing morphology of aluminide coating as received with

EDS analysis

The chemical composition of the substrate was comparable with that of the nominal
composition of the alloy. The coating thickness (i.e. coating + interdiffusion zone) was

approximately 30um, 6um of which was the interdiffusion zone.

X-ray diffraction analysis of an aluminide coated sample as received (figure 3.4) showed
NiAl as the principal phase in the coating layer. A significant amount of Al,O; and Cr,0,

was also present which is the protection mechanism of aluminide coating.
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Figure 3.4 : X-ray diffraction analysis of aluminide coated MAR-MO002 as received

3.1.3 TYPE I Platinum Aluminide Coated MAR-MO002

The TYPE I platinum aluminide coating revealed a microstructure (figure 3.5) very similar
to the conventional aluminide type coating structure. The coating system was composed
of the coating/NiAl layer, the interdiffusion zone and the base metal. The coating layer
displayed a "single" phase structure with relatively large amounts of pack particles
imbedded close to the external surface. EDS of these particles (figure 3.5) showed that the
"lighter" particles were composed primarily of chromium and the "dark" particles were
effectively Al,O,. The coating was rich in nickel and aluminium with the platinum content
being highest close to the external surface. Although significant amounts of platinum were

detected in the coating, no distinctive platinum phases were observed.

EDS analysis of the coating showed significant variation of the platinum content in
different regions, figure 3.5. Figure 3.5a showed an area where platinum was detected in
significant quantities in the external surface with the platinum content decreasing towards

the substrate. Figure 3.5b shows a region where the platinum content was significantly
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SermOIT O W >

25K R480 S H02S

Element Weight Percent Weight Percent

A B C D E F G H || A2 | E2 | F2 | G2 | H2

Al 22.64(21.26| 18.77| 59.29( 20.22| 16.29| 18.12| 13.92||24.89( 24.37| 21.40| 7.71 | 14.16

Zr 0.00 | 0.00| 0.00 | 0.33 | 0.00| 0.00| 0.00 | 0.00 |f 0.47 [ 0.35( 0.09 { 0.00 [ 0.00

Cr 1.68 | 3.39|46.70| 0.15] 5.02 | 5.42| 5.00| 6.60 || 1.78 | 2.14 | 4.97 | 58.94| 10.17

Co 4.1719.84| 6.02] 0.14 | 11.72] 12.49] 14.06| 12.85{] 9.62 [ 11.30| 13.22{ 7.24 | 14.48

Ni 47.41(52.58]|24.87| 1.36|57.74| 54.70] 54.40| 49.01{[61.19] 61.35] 56.83| 19.58] 50.70

Pt 21.87(12.65| 3.22 0.89| 3.31| 3.90| 0.39 | 9.08 (f 1.33| 0.15| 0.99 | 0.68 | 1.54

Hf 0.00 | 0.00| 0.00| 0.00| 0.57 | 2.30| 0.00] 0.00 |f 0.00 | 0.00| 0.50| 0.09| 0.00

Ta 0.00] 0.00| 0.00| 0.17| 0.00| 0.56 0.83| 0.00} 0.00] 0.00| 0.01| 0.70] 0.00

w 2.14( 0.00] 0.00| 0.00| 0.00| 0.67| 0.00] 3.29 | 0.55] 0.00| 0.00 | 0.14| 3.71

Ti 0.10] 0.28 | 0431 0.00| 1.43] 367 520| 5.26|/0.16| 0.33 | 2.00| 492 | 5.24

0 0.00 ] 0.00 | 0.00 [40.67| 0.00| 0.00 0.00] 0.00 ] 0.00 | 0.00| 0.00| 0.00| 0.00

Figure 3.5: TYPE I platinum aluminide coated MAR-MO002 microstructure
a) Region with high platinum content

b) Region with low platinum content

lower and was more uniformly distributed through the coating. There was notable amounts
of platinum present in the interdiffusion zone as well. The interdiffusion zone also showed
a very different morphology to that observed in the aluminide coated sample; a more
columnar structure was obtained. The absence of refractory element Ta and the relatively

low W content also was a significant difference from the aluminide coated sample.
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Figure 3.6 : X-ray diffraction analysis of TYPE I platinum aluminide coated MAR-
MO002 as received

The x-ray diffraction spectrum of the "TYPE I" platinum aluminide coating (Figure 3.6)
revealed the main constituent phase to be NiAl. Small amounts of the platinum phases,
PtAl, and Pt,Al were detected. The presence of Al,O, and Cr,0O, was also evident as in the
case of the aluminide coating. The platinum phases did not manifest themselves as distinct

structures but were “dissolved” in the NiAl matrix of the coating.

3.14 TYPE II Platinum Aluminide Coated MAR-M002

The TYPE II platinum aluminide coating was produced by a similar technique as that
which was used to produce the TYPE I coating, however, there was a distinct difference
in the microstructure obtained (figure 3.7). The coating morphology can be described in
terms of a "three" zone type structure, the platinum rich outer zone, the NiAl zone and the
interdiffusion zone. The coating layer was composed of an outer zone which was rich in
platinum and aluminium (represented by the white phase); and the inner NiAl zone which

was composed mainly of nickel and aluminium. High magnification of the outer zone
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z - - ; Arm WD23
k760" : 18kn D23 R

Weight percent Weight percent
Elements Elements
A B C D E Al B1 C1 D1
Al 2697 | 27.75 ] 2633 | 1546 | 6.32 Al 22.28 | 18.42 | 27.67 | 26.66
Cr 4.13 0.64 287 | 1146 | 730 Cr 1.46 6.67 1.41 1.75
Co 1.47 6.23 10.08 | 9.08 9.11 Co 2.39 0.32 3.02 4.46
Ni 244 51.22 | 52.11 | 42.80 | 57.02 Ni 53.63 | 521 | 46.13 | 46.72
Pt 41.01 9.34 1.64 0.00 0.00 Pt 1994 | 68.51 | 20.07 | 13.52
Ti 0.12 0.07 1.06 2.27 1.58 Ti 0.00 0.17 0.21 1.32
Zr 0.00 0.02 3.85 0.72 1.02 Zr 0.00 0.00 0.24 0.00
Hf 0.69 0.60 0.30 1.47 0.22 Hf 0.10 0.36 0.00 1.16
Ta 0.96 1.77 0.00 2.39 243 Ta 0.20 0.00 0.00 0.55
w 0.27 2.35 1.77 | 1434 | 15.01 w 0.00 0.34 1.24 3.86

Figure 3.7 : Morphology of TYPE II platinum aluminide coated MAR-MO002 as
received
a) Low magnification showing overall coating structure

b) High magnification of the Pt,Al layer

revealed that it was composed of two distinct regions namely "white" and "grey" regions.
The "white" region consisted mainly of aluminium and platinum with small amounts of
chromium and nickel. The "grey" region was mainly composed of Pt, Al and Ni of which
Ni was the major constituent. In the inner zone of the coating, the main constituents are Ni

and Al, with Pt decreasing markedly as the interdiffusion zone was approached. The
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interdiffusion zone showed a composition similar to that observed in the aluminide coating.
The amounts of refractory elements W and Ta were significantly higher than in the TYPE

[ platinum aluminide coating. No Pt was detected in the interdiffusion zone.

X-ray diffraction analysis indicated that the outer layer was made up principally of Pt
phases namely PtAl,, Pt,Al and Cr,Pt (Figure 3.8). The most prominent of these phases was
the PtAl, phase. A significant amount of NiAl was also present as would be expected for
a modified aluminide coating. As for the aluminide and TYPE I platinum aluminide

coating, Al,O, was detected on the coating surface.
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Figure 3.8 : X-ray diffraction analysis of TYPE II platinum aluminide coated MAR-
MO02 nickel based superalloy as received
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3.1.5 2pm Platinum Aluminide Coated MAR-M002

The 2um platinum aluminide coating was produced by applying a 2pm thick platinum
layer followed by aluminizing, resulting in a coating morphology very similar to that of the
TYPE II platinum aluminide coating (Figure 3.9). The coating consisted of three zones,
namely, the outer zone which was rich in platinum, a middle zone which was made up of
essentially nickel and aluminium with small amounts of platinum dissolved in it
(essentially a NiAl uniphase layer) and the interdiffusion zone which was composed of the

elements similar to that found in the aluminide coating interdiffusion zone.

The outer platinum rich zone was significantly thinner than the that observed in the TYPE
II platinum aluminide coating and showed a very different morphology. The structure
indicated that this zone was a mixture of NiAl and platinum rich phases, namely, Pt,Al and
PtAl,. Refractory elements W, Ta and Zr were virtually excluded from the coating. The
coating thickness was approximately 35um, 15um of which made up the interdiffusion
zone and the platinum rich zone made up Sum. The NiAl middle zone showed a

significantly lower platinum content and a higher presence of the substrate alloying

elements.

The interdiffusion zone was composed of mainly Al, Cr, Ni, Wand Co. The W and Ta
content was very much larger than that observed in the NiAl layer. The presence of pack
particles in the coating layer was evident in small quantities. These were made up of

mainly small particles of aluminium oxide.

The X-ray diffraction analysis of the 2pum platinum aluminide coated MAR-M002 sample
in the as received condition indicated (figure 3.10) that the initial platinum coating
thickness played an important role in the phases formed in the coating. The amount of
platinum intermetallics formed was significantly lower, with NiAl aluminium showing up

as the major constituent of the coating. The platinum rich zone was made up of Pt,Al.
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ABC DE F G

Weight percent
Elements
A B C D E F G H
Al 21.07 25.58 25.96 21.48 13.25 9.97 7.18 3277
Cr 1.67 1.18 1.58 4.13 10.87 14.98 6.22 1.43
Ni 39.46 52.78 58.44 56.69 41.08 33.10 59.55 34.35
Pt 34.62 17.53 4.67 2.62 2.24 1.13 0.00 1.63
Ti 0.00 0.00 0.11 1.51 1.20 1.46 1.56 0.23
Zr 0.00 0.00 0.00 0.00 0.00 0.71 0.14 0.00
Hf 0.78 0.00 0.36 1.09 0.00 0.89 1.04 0.24
Ta 0.63 0.00 0.00 1.23 1.00 3.56 2.09 0.00
\' 0.00 0.00 1.32 2.59 20.47 23.06 13.84 0.56
Co 1.78 2.92 7.55 8.68 9.89 11.15 8.38 5.88
0 0.00 0.00 0.00 0.00 0.00 0.00 0.00 2291

Figure 3.9 : 2um Platinum aluminide coated MAR-MO002 as received
a) Low magnification showing overall coating morphology

b) High magnification showing structure of outer platinum rich layer
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Figure 3.10 : X-ray diffraction of 2um platinum aluminide coated MAR-MO002 as
received

3.1.6 Platinum Coated MAR-M002

The cross-sectional analysis of a platinum coated sample (figure 3.11) revealed a coating
thickness of approximately 17um. The coating thickness was found to be non-uniform.
There was no distinct interdiffusion zone as observed in the aluminide coatings. In the
region adjacent to the coating there was some degree of interaction between the substrate
and platinum coating. The cuboidal y' had been “dissolved”, resulting in a y' denuded
zone. The density of y' decreases from the substrate to the coating; with the region
immediately adjacent to the coating layer showing complete dissolution of the ¥y’

Extensive porosity was observed between the coating and the substrate.

EDS analyses traversing the coating layer showed that the coating layer was composed of
mainly nickel and platinum. The white phases observed were essentially composed of

platinum and nickel with small amounts of Al, Ti, Cr and Co. The grey regions
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Weight percent Weight percent
Elements Elements
A B G D E F Al Bl

Al 0.85 2.19 3.83 2.16 5.21 5.60 Al 3.72 1.89
Ti 1.22 2.51 4.57 1.57 5.00 4.75 Ti 4.61 1.92
Cr 9.56 8.03 2.63 | 1059 | 7.5 8.86 Cr 227 9.23
Co 12.55 | 8.55 525 | 13.46 | 13.98 [ 15.24 Co 4.57 10.86
Ni 36.00 | 33.04 | 35.39 | 42.94 | 64.23 | 63.96 Ni 32.88 | 36.31
Zr 0.00 0.00 0.58 3.77 0.00 0.29 Zr 0.00 0.00
Hf 0.00 1.17 0.00 0.15 0.42 0.39 Hf 0.61 0.63
Ta 0.87 1.48 0.36 0.58 0.00 0.00 Ta 0.00 1.21
W 1.45 227 0.00 0.00 1.28 0.23 W 0.00 0.88
Pt 37.5 | 40.75 | 47.39 | 2478 | 2.12 0.68 Pt 5133 | 37.07

Figure 3.11 : Microstructure of platinum coated MAR-MO0O02 as received
a) Overall coating structure
b) High magnification of the coating

were basically composed of platinum and nickel but showed a higher substrate alloying
element content with significant amounts of Cr and Co and smaller amounts of Al and Ti.
The main difference between the two regions was that the Pt, Al and Ti content in the white
region was greater than that observed in the grey region while the grey region showed a
higher Ni, Cr and Co content. The refractory elements such as W and Ta have been

virtually excluded from the coating and the region adjacent to the coating. It was noted that
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as the platinum content decreased the y' phase became more prominent; transforming from
an irregular structure to a more cuboidal structure. Close to the extemal surface the

presence of chromium and cobalt became more significant.

The x-ray diffraction spectrum of a platinum coated (figure 3.12) sample revealed that the
coating was made up of platinum phases containing Zr, Ti, Ta, Cr, Al and Co. The peaks
were generally wide which may be ascribed to incomplete transformation of phases or the
presence of large amounts of dissolved elements in the crystal structure. The widening of
the peaks also was as a result of peaks of the different crystal structures formed,
overlapping which contributed to the broadening of the peaks. Only small amounts of the
v', Ni;Al and Ni,y(Al, T1) phases were detected indicating that the y' was "dissolved" in the

region of the coating.
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Figure 3.12 : X-ray diffraction Analysis of platinum coated MAR-MO002 as received
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3.2 CHARACTERIZATION OF THE MATERIALS SYSTEMS AFTER HTLCF
FAILURE
3.2.1 HTLCF in Argon Atmosphere
3.2.1.1 Uncoated MAR-M002

HTLCF tests performed on uncoated MAR-MO002 nickel based superalloy in argon
atmosphere produced a life of 2188 cycles. Typical stress-strain hysteresis loops produced
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Figure 3.13 : Typical stress-strain hysteresis loops for HTLCF tests performed in argon
atmosphere

are shown in figure 3.13. The final failure of the sample occurred at a fairly high tensile load
and in brittle manner. Once the critical crack length was reached, crack propagation to

failure was relatively fast.

The fracture surface, figure 3.14a, showed no evidence of environmental interaction.
Chemical analysis of the fracture surface showed no evidence of corrosion product , with
the chemical composition being similar to the nominal composition of the alloy. An analysis
with oxygen was performed in order to demonstrate that there was an insignificant amount
of oxidation. The relatively small amount of oxygen detected could have been as a result of
minor oxidation when the specimen was being removed from the furnace on completion of
the fatigue test. The external surface close the fracture (figure 3.14b) indicated the presence
of fine discontinuous cracks. The cracks were, in general, perpendicular to the direction of

loading.



Elements

Weight percent

S L B '
Al 4.99 3.16 5.34 4.80
Ti 2.69 2.04 1.95 1.78
Cr 8.32 7.58 8.23 7.57
Co 9.87 8.59 9.51 8.76
Ni 58.60 53.61 58.36 53.87
A 7.80 11.39 7.56 6.74
Ta 3.80 7.78 248 2.29
Hf 3.87 445 6.18 5.71
Zr 0.63 1.39 0.39 0.35
0) 0.00 0.00 0.00 8.14

Figure 3.14 : a)

b)

Fracture surface of uncoated MAR-M002 after HTLCF in argon
atmosphere at 870°C

Fractography of uncoated MAR-MO002 after HTLCF in argon

atmosphere showing the external region close to the fracture surface




Figure 3.15 : Micrographs of the cross-section of a fatigue sample after HTLCF in argon

Several cracks were observed on the metallographic sample of the longitudinal cross-section
(figure 3.15a&b). The crack propagation was relatively “straight” with no evidence of
environmental interaction and branching. EDS analysis of the crack edge and of the bulk
alloy (table 3.2) shows little variation in the chemical compositions between these regions

indicating the absence of corrosion reactions. The evidence indicated that the mode of crack
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propagation was transdendritic and the failure was due to pure mechanical loading.

Table 3.2 :  Chemical analysis of the fatigue crack edge and bulk for a fatigue sample that
had failed in argon atmosphere
Elements (Weight percent )
Al Ti C_r Co Ni Zr Hf Ta W
Crack Edge | 445 | 137 | 885 | 1055 | 58.78 | 5.16 | 043 | 1.84 | 8.58
Bulk Alloy [ 5.74 1.22 7.87 9.71 59.02 | 2.66 1.23 1.14 11.42

3.2.1.2 Aluminide Coated MAR-M002

The fracture surface of aluminide coated MAR-M002 after HTLCF in inert argon atmosphere

1s shown in figure 3.16. The number of cycles to failure was 859 cycles. The final failure

occurred, as in the uncoated sample, at a relatively high tensile load.

The fracture surface (figure 3.16b) revealed a clean surface devoid of any environmental
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interaction. Micro probe analysis of the fracture surface showed no evidence of interaction
with the environment. The external surface close the fracture (figure 3.16a) displayed severe
cracking of the coating (around the circumference) perpendicular to the direction of loading.
Cracks parallel to the loading direction were also apparent from figure 3.17. The nature of

the cracks indicated a very brittle type failure of the coating.

C

B

A

: » b
Weight percent
Elements
A B C

Al 5.29 5.47 6.08
Ti 1.37 2.51 1.46
Cr 8.45 6.78 8.51
Co 9.33 8.16 10.07
Ni 59.23 55.57 56.94
W 12.01 10.32 10.63
Ta 2.46 7.18 4.00
Hf 1.87 877 2.29
Zr 0.00 0.23 0.02

Figure 3.16 : Fracture surface of aluminide coated MAR-M002 after HTLCF in argon

atmosphere
a)  Overall fracture surface

b)  High magnification of the fracture surface
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Figure 3.17 : Cracking of the coating near the fracture surface after HTLCF in argon
atmosphere

Examination of a cross-section. of the fatigue sample revealed severe cracking of the coating
(figure 3.18). The cracks in the coating showed no evidence of environmental interaction.
Crack propagation in the substrate was transdendritic, perpendicular to the direction of

loading. The crack was relatively “straight” with no indication of environmental interaction.

pp 180Fm WD1S

Figure 3.18 : Cross-sectional analysis showing cracking of the coating.
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3.2.1.3 TYPE I Platinum Aluminide Coated MAR-M002

HTLCEF of TYPE I platinum aluminide coated MAR-MOO2 in argon atmosphere resulted in
a life of 1119 cyéles. Fractography analysis uncovered a region that showed minor
environmental interaction, due to the corrosion chamber around the neck splitting during the
test (figure 3.19a). Interaction with the environment was confirmed by the significant
amount of oxygen detected in the EDS (figure 3.19) and AES (figure 3.20) analyses. It was

noted that only part of the fracture surface was exposed to air.

Examination of the external region close to the fracture exhibited cracking of the coating
(figure 3.19b). The cracking of the coating was as a result of the mechanical loading. The
cracks in the coating were very fine and were only visible at relatively high magnifications.
A significant feature was that the cracking of the coating was not as severe as that observed

in the unmodified aluminide coating.

Examination of the longitudinal section after HTLCF in argon revealed several branched
cracks in the coating (fig 3.21& 3.22). A significant feature in figure 3.21 was that the
cracks in the coating had propagated to various degrees indicating that crack propagation
through the coating occurred over a number of cycles. Crack propagation in the substrate
was transdendritic and relatively straight. Figure 3.21a&b shows that there was some

environmental interaction due to contamination of the argon atmosphere during the test.

However, the cross-section of the fracture surface, figure 3.22, shows no environmental
interaction. This indicates that for the major part of the test the environment was not
contaminated. The secondary crack observed at the fracture surface interface also shows no
evidence of environmental interaction. The secondary crack was parallel to the direction of

loading and occurred in the interdendritic zone.
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A
B
C
D
E
3 18KY
Weight percent
Elements
A B C D E
Al 4.95 4.49 5.59 5.16 5.32
Ti 1.48 2.29 1.34 2.29 1.52
Cr 6.45 6.43 7.33 6.23 7.74
Co 8.21 7.18 7.98 7.07 7.56
Ni 55.13 | 48.51 | 52.07 | 46.35 | 41.76
Zr 0.38 0.00 0.20 0.22 0.02
Ta 5.87 8.23 3.33 7.13 1.93
Hf 2.00 5.87 4.56 2.78 2.16
10.33 9.71 7.26 9.04 8.69
0] 5.20 7.29 | 1035 | 13.72 | 23.30

Figure 3.19 : Fractography of TYPE I platinum aluminide coated MAR-MO002 after
HTLCF in an argon environment
a)  Fracture surface

b)  Cracking of the coating close to the fracture surface
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Figure 3.20 : AES analysis of TYPE I platinum aluminide coated MAR-MO002 after
HTLCF in argon atmosphere

Figure 3.21 : a)  Longitudinal cross-section showing cracking of the coating after

HTLCEF in argon atmosphere

b)  Cracking of the coating plus environmental interaction
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Figure 3.22 : Longitudinal cross-section after HTLCF in argon atmosphere
a) Cracks in the coating with no evidence of environmental interaction
b) Secondary cracking along the fracture surface showing no

environmental interaction

3.2.1.4 TYPE II Platinum Aluminide Coated MAR-M002

HTLCF of TYPE II platinum aluminide coated MAR-MO0O02 in inert argon atmosphere
produced a life of 1442 cycles. There was no evidence of any environmental interaction on
the fracture surface (figure 3.23a). EDS analysis of the fracture surface, showed no
significant change in the chemical composition when compared to the nominal composition
of the alloy. Final failure of the fatigue sample, again occurred at a relatively high tensile

load, indicating a brittle type of failure.

The external region close to the fracture, figures 3.23b & 3.24, revealed “eroding” of coating,
1.e., regions where the Pt,Al layer had delaminated. The cracking in general was random,
forming a “network” of cracks. However, figure 3.24 shows a series of parallel cracks at
approximately 45° to the loading direction over half the circumference while the cracks were
circumferential over the other half. It must be noted that cracking of the coating, in general,
occurred randomly in relation to the direction of loading. The most severe cracking was

observed perpendicular to the loading direction and at the 45° angle to the loading direction.
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B
C
a
Elements Weight percent
A B z

Al 240 2.62 25.07
T 1.59 2.37 0.05
Cr 7.07 6.71 120
Co 9.03 8.05 0.50
Ni 49.17 48.67 298
Zr 0.00 0.00 0.00
Ta 5.92 8.11 43
Hf 2.90 4.53 0.49
w 8.43 14.59 0.71
Pt 0.00 0.00 24.34
6 3.58 435 4322

Figure 3.23 : Fractography of TYPE II platinum aluminide coated MAR-M002 after
HTLCEF in argon atmosphere
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Figure 3.24 : Cracking of TYPE II platinum aluminide coating near the fracture surface

after HTLCF in argon atmosphere

Cross-sectional analysis of the TYPE II platinum aluminide coated sample after HTLCF in
argon showed severe cracking of the coating (Figure 3.25). It was evident that the PtAl,
layer was prone to brittle failure and delamination from the NiAl sub-layer (Figure 3.25d).
The NiAl region exhibited a higher resistance to cracking while the substrate was the most
resistant to crack initiation (Figure 3.25b). A number that of cracks that had propagated
through the coating stopped at the coating-substrate interface, with the crack propagation in
this region being parallel to the loading direction. The crack propagation through the base
metal was transdendritic (Figures 3.25¢) . The crack was “straight” with no environmental

interactions at the propagating crack tip.



Figure 3.25 : Cross-sectional analysis of TYPE II platinum aluminide coated MAR-M002

after HTLCF in argon atmosphere showing a very coating

a) Longitudinal cross-section showing cracks in coating

b) Longitudinal cross-section showing branching of cracks in the NiAl zone
c) Crack propagation in the substrate

d) Transverse cross-section showing spalling of the PtAl, layer

3.2.1.5 Platinum Coated MAR-M002

HTLCF of platinum coated MAR-M002 in argon atmosphere resulted in a life of 1518
cycles. Fractography of the failed fatigue sample indicated a “clean” fracture surface. The
absence of environmental interaction was manifested by the chemical analysis of the fracture

surface (Figure 3.26a). Delamination/peeling of the coating from the substrate was evident
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Weight percent
Elements
A B C
Al 4.79 5.16 4.60
W 9.64 10.93 10.07
Ti 1.71 1.54 1.79
Cr 8.89 8.30 7.85
Co 9.24 9.20 9.27
Ni 56.39 55.42 52.43
Zr 0.26 0.03 3.76
Hf 4.65 3.89 1.81
Ta 4.36 5.53 2.81
Pt 0.00 0.00 5.60

Figure 3.26 : a) Fracture surface of a platinum coated sample after HTLCF in argon

atmosphere

b) Fractography showing the coating close to the fracture surface
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Fine, discontinuous circumferential cracks were observed on the coating (Figure 3.26b). The
more severe cracks were most prominent in the region adjacent to the fracture surface. The
“bubble” like features present on the coating, figure 3.26b, was a feature of the coating and

not the due to environmental interaction.

Cross-sectional analysis of the fatigue sample revealed two important features: i) the
cracking of the coating layer and ii) porosity at the coating substrate interface (figure 3.27).
The thickness of the coating had increased significantly, varying from 50um to 60um
compared to approximately 17um in the as received sample. The cross-section of the
coating-fracture interface, figure 3.27, indicated that a piece of the coating had “peeled” off
the substrate.

The coating layer consisted of two regions, namely, the “white” regions and “grey” regions.
The crack propagation in the coating had occurred through the “grey” regions predominantly,
indicating that the “white” regions were more resistant to cracking. Porosity had occurred
in the regions where the crack had penetrated the coating ( in the interdiffusion zone or vy’

depleted zone). This factor was instrumental in the delamination of the coating during the

fatigue test.

Figure 3.27 : Cross-sectional analysis of platinum coated MAR-MO002 after HTLCF in

argon atmosphere showing peeling of the coating and crack propagation

through the coating.



90

Crack propagation in the substrate was relatively “straight” (figure 3.28) and the crack tip
was relatively sharp showing no indication of environmental effects. Chemical analysis

along the crack edge and the bulk material, figure 3.28, showed little variation in the

chemical composition.

Weight percent
Elements N 1:&;;‘;:; li(gi:::ly c b
Al 5.69 3.93 1.74 6.79 6.65
Ti 0.99 1.83 0.52 1.85 1.62
Cr 7.20 1.64 5.63 5.18 5.31
Co 4.84 2.82 6.77 7.80 8.47
Ni 29.88 28.65 35.81 | 63.28 | 62.20
Pt 42.05 53.15 40.79 0.73 0.00
Hf 2.65 1.55 0.00 0.00 292
Ta 1.31 2.08 0.81 1.80 0.00
w 5.39 4.36 7.92 11.74 | 13.03
Zr 0.00 0.00 0.00 0.83 0.79

Figure 3.28 : EDS analysis of the crack through the coating of a platinum coated MAR-
MOO02 fatigue sample after HTLCF in argon
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3.2.2 HTLCF in Air Atmosphere

3.2.2.1 Uncoated MAR-M002

HTLCEF tests performed on uncoated MAR-MOO2 in air atmosphere produced a life of 2412
cycles. The final failure occurred at a relatively high tensile load and in a very brittle
manner. The fracture surface (figure 3.29) showed evidence of oxidation. Oxidation of the
fracture surface was manifested by the high oxygen content detected (figure 3.29) Fine
cracks were observed on the external surface close to the fracture (figure 3.29b). There was
a build up of corrosion product around the lip of the cracks. The corrosion product was made

up of mainly Cr, Ni, Al and oxygen.

v’ depletion/coarsening was observed along the external surface exposed to the environment
(figure 3.30) and along the fatigue crack edges. Several cracks had initiated on the surface
of the fatigue sample but had not propagated further. It was evident from the cross-sectional
analysis that crack propagation had occurred preferentially along the interdendritic
segregation zone. This indicated that the dendritic grain was more resistant to fatigue crack
initiation and propagation under oxidation conditions. Chemical analysis of the corrosion
product filling these cracks (figure 3.30b) showed that it was made up of mainly Cr, Ni, and
oxygen with small amounts of Al, Ti, Co and Ta. The y’ denuded region was depleted of
the reactive elements (in particular aluminium). The secondary crack shown in figure 3.30a
was branched and the crack tip was relatively “blunt”. There was evidence of environmental

interaction along the crack edges and the presence of corrosion product within the crack.

Analysis of the crack tip (figure 3.30c) revealed that the corrosion product at the crack tip
was made up primarily of nickel oxides. The “porous” region adjacent to the crack
exhibited a high oxygen and Ni content with significant amounts of the alloying elements.
This layer was produced due to internal oxidation of the crack edge. The y’ denuded region
showed a reduction in Al, Cr and Ti content when compared to the base material indicating

that these elements were consumed in the oxidation reaction.



Weight percent
Elements A B C External | Corrosion
= | Surface Product
Cr 6.91 9.60 7.58 12.71 21.96
Co 7.11 9.49 8.08 4.82 5.85
Ni 42.81 50.02 47.57 22.15 22.15
Zr 0.00 0.06 0.22 0.18 0.12
Hf 4.47 1.95 1.99 3.34 5.49
Ta 5.95 1.40 2.54 1.83 3
W 10.80 4.88 5.00 3.58 432
Ti 1.99 1.80 1.85 2.72 3.74
Al 3.92 1.47 1.89 14.96 7.05
0] 16.00 19.32 23.28 33.71 25.96

Figure 3.29 : a)
b)

Fracture surface of uncoated MAR-MO002 after HTLCF in air

External surface close to the fracture showing cracks and oxidation

of the cracks




', W— Weight percent Gleg o Weight percent

¥ A B P A B C D

0] 28.15 | 0.00 0.00 ) 23.29 18.11 0.00 0.00
Ti 2.64 0.29 1.41 Ti 0.50 1.59 0.76 1.66
Cr 2398 | 6.87 7.35 Cr 3.29 8.96 7.06 8.34
Co 416 | 11.38 8.99 Co 5.51 7.87 9.47 9.43
Ni 19.77 | 65.91 58.35 Ni 32.10 42.15 62.12 58.58
Al 5.04 1.90 6.57 Al 3.34 5.46 4.12 5.67
Zr 0.44 0.00 0.42 Zr 0.00 3.99 1.07 0.00
Ta 491 1.83 2.63 Ta 0.13 1.51 2.50 1.73
Hf 4.62 0.10 2.51 Hf 0.08 1.32 1.14 0.81
W 6.29 11.72 11.77 W 1.13 9.05 11.76 13.77

Figure 3.30 : a) Cross-section of uncoated MAR-MO002 after HTLCEF in air.
b) High magnification of crack on the external surface with EDS

c) Chemical analysis of the corrosion product at the crack tip
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Figure 3.31 : X-ray diffraction analysis of an uncoated disc sample exposed to air environment
at 870° for 5 hours

X-ray diffraction analysis of an uncoated MAR-MO002 disc sample exposed to air at 870°C
for five hours (figure 3.31) revealed the following oxide phases produced as result of the
oxidation process: Cr,0;, Al,O; and N1O. The corrosion tests were performed on unstressed
samples, hence, the results obtained only give an indication of the type of oxide phases that
will be present. It was evident from the XRD analysis that the oxides of Al and Cr are most
prominent. The EDS analysis at the crack tip indicates that the corrosion product was made

up of mainly nickel oxides. This was due to the combination of oxidation and the fatigue

loading.
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3.2.2.2 Aluminide Coated MAR-M002

Aluminide coated MAR-MO002 fatigue samples exposed to creep-fatigue loading in air at
870° produced a life of 826 cycles. The final failure occurred at a fairly high tensile load and
occurred in a brittle manner. The fracture surface showed clear evidence of environmental
interaction (figure 3.32a). EDS analysis revealed a high oxygen and Ni content indicating
the presence of mainly Ni oxides. The chemical analysis was very similar to that of the

uncoated samples.

The external surface close to the fracture showed that the coating had a rippled effect due to
the sample not being polished after the machining process. This, however, did not affect the
fatigue life significantly. “Fine” circumferential cracks were observed in the coating (figure

3.32b). The cracks in the coating were perpendicular to the direction of loading.

Figure 3.33 shows a crack that has propagated through the coating and into the substrate. It
was evident that the coating failed in brittle manner (figure 3.33) very early in the fatigue
test. The coating showed no evidence of oxidation in the crack, indicating a high resistance
to oxidation. The substrate, however, showed a higher susceptibility to oxidation. Crack
propagation through the substrate was transdendritic and branched. High magnification of
the crack tip shows a relatively “blunt” crack tip with corrosion product filling the crack

(figure 3.33). The corrosion product in the crack was made up of mainly Ni oxides.

Chemical analysis of the corrosion product in the crack close to the coating indicated
relatively high Al, Cr, Co and Ni content, figure 3.33b. The external surface of the coating
exposed to the environment was depleted of Al due to the formation of Al,O, scales on the

external surface.

X-ray diffraction analysis of an aluminide coated disc sample exposed to air at 870°C for five
hours is shown in figure 3.34. There was a significant increase in the amount of Al,O, and
Cr,0, phases detected. These are the principal oxide phases formed on the external surface

of the coating. This result will only represent the corrosion products that are formed due to



96

B
a
Weight percent
Elements
A B C
0] 26.41 19.11 19.95
Al 1.43 3.66 4.34
W 5.04 5.26 5.37
Ti 1.25 2.13 1.87
Cr 7.60 6.60 6.67
Co 9.38 7.01 7.08
Ni 43.64 44.04 42.64
Ta 3.31 6.68 6.26
Hf 1.95 5.48 5.52
Zr 0.00 0.04 0.29

Figure 3.32 : a) Fracture surface of aluminide coated MAR-MO002 after HTLCF in air
atmosphere at 870°C

b) Cracking of the aluminide coating close to the fracture surface
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Weight percent Weight percent
Elements Elements
E A B C D E F G H I
Al 8.61 7.86 6.27 15.18 | 13.67 | 25.27 Al 2.15 6.42 4.96
Ti 2.66 2.72 1.83 2.81 1.57 0.92 Ti 0.73 141 1.11
Cr 14.66 | 11.82 | 6.65 9.84 8.44 5.18 Cr 3.99 11.09 9.11
Co 13.70 | 8.70 8.79 | 10.10 | 6.27 7.16 Co 11.66 6.68 9.60
Ni 30.79 | 47.25 | 65.19 | 44.86 | 48.64 | 51.40 Ni 59.70 42.07 57.68
Zr 0.00 2.26 0.00 0.00 2;25 0.00 Zr 0.00 2.59 2.34
Hf 1.53 0.95 1.44 1.57 0.28 2.87 Hf 0.30 1.04 1.30
w 497 11.78 8.47 8.81 0.00 5.95 w 6.00 13.96 11.55
Ta 5.12 6.66 1.36 6.83 18.89 1.25 Ta 1.45 1.51 2.35
O 19.96 0.00 0.00 0.00 0.00 0.00 0 14.02 13.24 0.00
Figure 3.33: a) Longitudinal section of aluminide coated MAR-M002 after HTLCF in
air.
b) High magnification of the crack in the coating with EDS analysis of

the corrosion product.

Chemical analysis of the crack tip.
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corrosion of the coating. In order to establish the typical phases in the corrosion product in

the crack propagating in the substrate, the corrosion test performed on the uncoated sample

must be considered.
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Figure 3.34 : X-ray diffraction analysis of an aluminide coated disc sample exposed to air
at 870°C for S hours

3.2.2.3 TYPE I Platinum Aluminide Coated MAR-M002

The hysteresis loops produced for a TYPE I platinum aluminide coated sample exposed to
HTLCEF in air (figure 3.35) revealed that the final failure occurred at a relatively high tensile
load. The number of cycles to failure was 1149 cycles. The fracture surface, figure 3.36,
showed evidence of oxidation. EDS analysis of the fracture surface revealed a relatively high
oxygen content. The corrosion product was made up of mainly Ni oxides. AES analysis of
the fracture surface (figure 3.37) showed a relatively high oxygen content confirming the
EDS analysis. The oxide composition again indicated that it was made up of mainly nickel
oxides in some areas and a mixture of oxides in other areas. Fine circumferential cracks in

the coating was observed close to the fracture surface (figure 3.38). In most instances they
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were neither parallel nor perpendicular to the loading direction. High magnification of the
cracks showed that the cracks were branched with the major cracks occurring perpendicular

to the loading direction.
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Figure 3.35 : Stress-strain hysteresis loops for TYPE I platinum aluminide coated MAR-
MO002 after HTLCEF in air

Cross-sectional examination revealed severe cracking of the coating (figure 3.39). A
significant feature was that the cracks in the coating were branched and did not follow a
“straight” path through the coating. This was also observed in the fatigue tests performed
in argon which indicated that this due to the mechanical properties of the coating. A number
of the cracks had stopped at the coating substrate interface (interdiffusion zone) indicating
that the substrate was more resistant to crack propagation. The presence of Cr rich »and
alumina particles interfered with the crack propagation through the coating (figure 3.39 and
3.40).
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Weight percent
Elements
A B C
Al 274 0.73 1.05
Ti 1.69 1.91 1.39
Cr 6.02 6.26 6.61
Co 75, 7.31 8.08
Ni 4041 4438 45.04
W 8.27 8.47 7.19
Ta 6.42 6.88 3.37
Hf 3.43 4.11 2.30
Zr 2.15 0.00 1.89
Fe 0.15 0.13 0.17
Pt 0.00 0.32 0.00
0] 21.00 19.50 22.92

Figure 3.36 : Fractography of TYPE I platinum aluminide coated MAR-MO002 after
HTLCF in air



101

AUGER ELECTRON SPECTROSCOPY
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Figure 3.37 : AES analysis of the fracture surface of TYPE I platinum coated MAR-M002
after HTLCF in air

141

b

Figure 3.38 : Brittle cracking of the TYPE I platinum aluminide coating close to the
fracture surface due to the HTLCF loading in air atmosphere
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Figure 3.39 : Cross-sectional analysis of TYPE I platinum aluminide coated MAR-M002

after HTLCF in air atmosphere showing cracking of the coating.

Chemical analysis in the crack, adjacent to the crack and away from the crack in the coating
(figure 3.40) showed that there was no severe environmental interaction. Crack propagation
through the substrate was the characteristic branched cracking observed for fatigue tests
performed in air. A high magnification of the crack tip shows evidence of oxidation of the
substrate (figure 3.40). The corrosion product in the crack was made up of Ni,Cr, Co, W, Al,

Ta and oxygen with Ni and Cr making up the major constituents.

X-ray diffraction analysis of an unloaded disc sample exposed to air at 870°C for 5 hours
revealed that the coating was resistant to oxidation (figure 3.41). Stable Al,O, and Cr,0O,
were present in significant quantities which provides effective protection against oxidation.
This analysis gives the typical oxide phases that would form on the coating after exposure
to oxygen at high temperature. The corrosion product formed on the fracture surface and at
the crack tip was more accurately represented by the corrosion test performed on the

uncoated alloy.



Weight percent Weight percent
Elements Elements
A __B C D A B C
Al 27.18 25.89 36.96 16.12 Al 4.20 5.78 4.94
Cr 1.51 2.14 1.42 421 Cr 15.16 9.10 8.77
Co 1.84 245 1.43 2.86 Co 7.98 7.18 9.93
Ni 20.72 20.14 18.86 26.68 Ni 40.72 4438 59.54
Pt 33.42 36.79 40.41 45.63 Pt 0.00 0.00 0.00
@) 12.71 10.55 0.00 0.00 0] 18.63 11.40 0.00
Ti 0.09 0.00 0.13 0.13 Ti 1.56 1.14 1.45
Zr 0.00 0.87 0.37 3.71 Zr 0.32 2.92 0.00
Hf 0.85 0.46 0.41 0.48 Hf 0.55 0.96 1.08
Ta 1.43 0.44 0.00 0.18 Ta 240 3.58 1.78
w 0.24 0.00 0.00 0.00 w 8.47 13.56 12.51

Figure 3.40 : Analysis of the a crack in a TYPE I platinum aluminide coated MAR-M002

fatigue sample after HTLCF 1n air.

>
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Co Ka - Radiation

TYPE I Platinum Aluminide
Coated MAR-M002 Exposed
to Air
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Figure 3.41 : X-ray diffraction of TYPE I platinum aluminide coated MAR-MO002 exposed
to air at 870°C for 5 hours

3.2.2.4 Platinum Coated MAR-M002

Platinum coated MAR-MO002 exposed to HTLCF and air atmosphere at 870°C failed after
1238 cycles. The fracture surface (figure 3.42) showed evidence of oxidation. As in all the
fatigue tests performed in air, the evidence obtained from the EDS analysis indicates that the
corrosion product on the fracture surface was made up of principally nickel and oxygen, with
smaller amounts of aluminium and chromium. AES analysis of the fracture surface indicated
that corrosion product was made up of mainly nickel and oxygen (figure 3.43). There was
evidence of internal oxidation and a slight reduction in the aluminium content just below the

fracture surface (figure 3.43).

The external surface close to the fracture (figure 3.42b) revealed fine cracks in the coating.
The cracks were composed of mainly circumferential cracks, perpendicular to the direction

of loading. Figure 3.44&45 shows cross-sectional images of platinum coated MAR-M002
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a b
Weight percent
Elemends & B External
— Surface
Al 2.49 2.16 10.02
Ti 2.14 2.78 1.03
Cr 6.24 5.20 5.59
Co 7.25 6.11 3.47
Ni 46.87 41.38 19.63
0] 13.68 12.76 34.23
Zr 0.00 0.00 0.00
Hf 8.21 4.82 1.35
Ta 7.16 13.40 1.05
w 5.96 11.49 3.29
Pt 0.00 0.00 20.34

Figure 3.42 : Fractography of platinum coated MAR-M002 after HTLCF in air

a) Fracture Surface

b) Cracking of the coating close to the fracture.
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AUGER ELECTRON SPECTROSCOPY
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Figure 3.43 : AES analysis of the fracture surface of platinum coated MAR-MO002 after
HTLCEF in air at 870°C

after HTLCF in air. There was evidence of a number of cracks that had initiated on the
coating surface but which have not propagated all the way through the coating layer. Cracks

in the coating showed a preference to propagate in the grey regions (figure 3.44b). The
thickness of the coating had increased from 15um to 30um during the test due to the

interdiffusion of platinum and alloying elements. The propagation of the fatigue crack
through the substrate was branched and transdendritic. The crack tip, figure 3.44c, was
“blunt” due the oxidation attack ahead of the propagating crack tip.

High magnification of the fatigue crack in the coating (figure 3.45) gave an indication of the
oxidation resistance of the different regions: i) the coating was most resistant; ii) the y’
depleted zone was least resistant; and iii) the substrate was more resistant than the y’
depleted zone but less resistant than the coating layer. The corrosion product in the coating

layer was made up of mainly Ni, Co, Cr, Pt and oxygen. This result indicated that the
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AR [ Am WDLY

Weight percent
Elements
A B C

Al 2.33 7.19 4.84
Cr 7.99 437 791
Ni 50.22 53.59 60.90
Pt 0.00 0.81 0.00
Co 8.17 8.33 9.88
Ti 1.32 0.39 1.34
Zr 0.00 0.00 0.21
Hf 0.95 1.49 1.05
Ta 1.01 1.26 2.10

3.7 12.38 11.77
o) 24.28 10.21 0.00

Figure 3.44 : a) Fatigue crack propagation in platinum coated MAR-MO002 after
HTLCF in air
b) Fatifue crack propagation in the coating
c) High magnification of the crack tip in the substrate



108 A C FE

Weight Percent
Elements
A Bw Bg Cw Cg D E F G H I
Al 225 1393 | 1.31 | 400 | 2.18 | 6.68 | 337 | 3.20 | 831 | 5.36 | 5.72
Cr 842 | 1.87 | 6.87 | 1.99 | 897 | 468 | 6.50 | 832 | 1134 | 7.50 | 7.88

Ni 44.16 | 30.51 | 39.41 | 32.52 | 37.09 | 40.22 | 60.76 | 58.23 | 23.64 | 61.70 | 61.14

Pt 17.47 | 48.25 | 32.41 | 46.57 12944 | 0.32 | 0.00 | 2.66 | 0.09 | 0.35 | 0.00
Co 889 | 3.29 | 891 | 346 | 861 | 995 | 852 |10.70 | 872 | 923 | 8.88
Ti 091 | 1.06 | 028 [ 1.55 | 039 | 1.51 | 099 | 0.82 | 2.80 | 1.37 | 1.35
Zr 0.00 | 0.00 | 0.00 | 0.00 [ 0.00 [ 0.19 | 0.00 | 0.00 | 0.00 | 0.00 | 0.00

Hf 0.00 | 0.66 | 0.09 [ 0.58 | 032 | 1.21 | 096 | 1.00 | 1.47 | 1.03 | 0.96

Ta 075 | 1.99 [ 0.69 | 1.98 | 1.18 | 275 | 494 | 2.49 | 3.03 | 2.59 | 1.73
W 300 | 844 |10.03 | 7.34 | 11.81 | 6.84 | 13.56 | 12.57 | 12.97 | 10.87 | 12.33
0 14.15 | 0.00 | 0.00 | 0.00 | 0.00 [25.65]| 0.00 [ 0.00 [27.64 | 0.00 | 0.00

Figure 3.45 : Chemical analysis of the crack through the platinum coating after HTLCF in

alr

electron beam spot size was too large and part of the coating was incorporated in the
analysis. The analysis of the region adjacent to the crack edge and away from the crack for
the white regions in the coating, did not show a significant variation in the composition,
however, in the grey regions there was significant decrease in the Cr and Al content along
the crack edge. The corrosion product in the ¥’ depleted zone was made up of mainly Ni,

Co, and oxygen with small amounts of Cr and Al. The corrosion product of the crack in the
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substrate was made up of a mixture of alloying elements and oxygen. The corrosion product
in the crack tip was made up of essentially Ni, Cr and oxygen (figure 3.44). The region
adjacent to the crack edge showed evidence of internal oxidation. Small amounts of oxygen
were detected in this region with a slight increase in the aluminium content when compared

to the base material.

X-ray diffraction analysis of a platinum coated disc sample exposed to air at 870°C for five
hours shows the typical oxides formed on the platinum coating (figure 3.46). Typical oxides
formed are Cr,0,, AL,O,, T1,0,, NiO and NiCr,0,. The oxides formed at the propagating
crack tip in the substrate must be characterized using the results obtained for the uncoated

disc samples.
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Figure 3.46 : X-ray diffraction of a platinum coated disc sample after exposure to air at
870°C for 5 hours
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3.2.3 HTLCF in Ar + 5%S0, (Strain Range 0.66%)
3.2.3.1 Uncoated MAR-M002

Uncoated MAR-MO002 failed after 335 cycles due to the combination of HTLCF and Ar +
5%S0, environment at 870°C. Sulphidation attack of the fracture surface was very evident
(figure 3.47). The fatigue crack had initiated around the circumference and propagated
perpendicular to the loading direction. Final failure had occurred at the centre of the sample;
showing a very brittle final failure. EDS analysis of the fracture surface showed that the

corrosion product was composed of mainly Ni, Cr, oxygen and sulphur.

The external surface close to the fracture exhibited evidence of severe sulphidation attack
(figure 3.48a). The corrosion product had blistered, (figure 3.48b) and spalled off in areas
(figure 3.48c). The nature of the corrosion product (figures 3.48b &d) indicated that it was
most probably in the molten state at the test temperature due to the formation of low melting

point nickel sulphides.

Cross-sectional examination of the fatigue sample after HTLCF in Ar + 5%SO, showed
severe sulphidation attack of the fracture surface and the external surface (figure 3.49a). The
corrosion product had spalled off in regions. Beneath the corrosion product was a “porous”
region showing internal sulphidation of the substrate. The corrosion product on the fracture
surface and external surface was found to consist of three distinctive layers (figures 3.49 &
3.50): black inner layer, light grey intermediate layer and dark grey outer layer. The
chemical composition of the dark grey outer layer showed that it was made up mainly of Cr,
Ni, S, and oxygen. This indicated that it was composed of a mixture of sulphides and oxides
of Cr and Ni. The intermediate light grey layer was more complex with Ta, Ti and oxygen

being the dominant elements with small amounts of Cr, Ni and sulphur compared to the dark

grey layer.
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Weight percent
Elements
A B C D E

0] 8.28 8.89 13.47 12.41 30.03

2.40 17.80 4.04 9.29 7.36
Cr 1.41 14.95 8.85 12.47 38.20
Co 10.15 5.61 5.61 6.50 2.82
Ni 52.38 50.42 35.54 41.25 18.60
Zr 0.55 0.00 0.12 0.06 0..08
Hf 0.63 0.57 6.01 2.15 0.28
Ta 1.28 0.49 10.83 4.89 0.72
W 18.88 0.77 8.70 2.69 0.17
Ti 0.69 0.44 2.81 3.26 1.73
Al 3.35 0.05 4.02 5.05 0.08

Figure 3.47 : Fracture surface of uncoated MAR-MO002 after HTLCF in Ar + 5%SO0, at a

strain range of 0.66%
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Figure 3.48 : Fractography of uncoated MAR-MO002 after HTLCF in SO, bearing

atmosphere.

The “black” layer was made up of mainly Al, Ni, S and oxygen. This region consisted of
predominantly aluminium oxides and relatively small amounts of sulphides. It was also

significant that this layer formed at the corrosion scale-substrate interface.

Chemical analysis of the “porous” 7y’ depleted region showed a significantly lower
aluminium and chromium content compared to the base alloy. The dark corrosion product
found in the “pores” in this region was composed of Ni, Cr, Co, Al and S with Ni and S

making up the major constituents.
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Weight percent
Elements
A B Cl C2 D E F
Al 1.13 2.20 491 31.63 1.53 0.53 6.09
S 6.18 6.84 3.46 7.09 0.42 33.00 0.38
Cr 34.91 6.80 5.18 2.26 0.63 25.58 8.94
Co 1.47 1.67 1.25 2.55 12.85 7.74 9.08
Ni 12.47 13.12 12.67 17.98 64.79 29.61 60.60
Ti 2.15 14.03 13.28 0.46 0.19 0.19 1.50
Zr 0.28 0.00 0.03 0.26 0.30 0.00 0.34
Hf 0.72 2.45 1.78 0.05 0.00 1.13 2.00
Ta 1.14 25.18 29.48 1.77 0.00 0.00 0.49
W 0.97 0.00 0.00 0.23 19.30 2.20 10.59
0] 38.60 27.70 27.97 35.73 0.00 0.00 0.00

Figure 3.49 : a) Cross-sectional analysis of uncoated MAR-M002 after HTLCF in
SO, containing environment
b) Secondary cracking on the fracture surface

c) Chemical analysis of the corrosion product on the fracture surface
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A

B

C

D
Weight percent
Elements
A B C D (solid) D (pores)

Al 0.11 0.29 28.99 2.26 6.82
S 13.31 2.56 7.99 0.20 28.08
Cr 23.24 9.39 3.78 0.18 9.01
Co 4.03 0.89 2.40 11.65 8.60
Ni 29.65 8.71 18.37 71.26 44.61
Ti 0.25 15.54 0.51 0.03 0.18
Zr 0.18 0.00 0.22 0.25 0.36
Hf 0.00 1.41 0.13 0.56 0.00
Ta 0.10 36.31 1.29 0.00 0.58
w 0.19 0.00 0.64 13.61 1.76
0] 28.94 24.89 35.69 0.00 0.00

Figure 3.50 : Morphology of the corrosion product on the external surface of and uncoated

fatigue sample after HTLCF in Ar + 5% SO,

X-ray diffraction analysis of an uncoated disc sample after exposure to Ar + 5%S0, at 870°C
showed that the typical phases present in the corrosion product as a result of the sulphidation
attack were Ni,S ¢, Cr (S ¢, TiO ,, Cr,S ,, CrS, Al,04, Cr ,0 5, Ni,S, and NiO (figure 3.51).
A significant feature of the corrosion product was that it was a combination of oxides and

sulphides.
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Figure 3.51 : X-ray diffraction of uncoated MAR-M002 exposed to Ar + 5%S0O, at 870°C
for 5 hours

3.2.3.2 Aluminide Coated MAR-M002

The aluminide coated MAR-MO0O02 fatigue sample exposed to HTLCF and Ar + 5%S0O,
environment experienced an accelerated failure due to the highly corrosive SO, containing
environment. The number of cycles to failure was 161. Sulphidation attack was manifested
by dark sulphide and oxide phases on the fracture surface (figure 3.52). The corrosion
product on the fracture surface was made up of principally Ni, Cr, S and oxygen (figure
3.52). This was similar to the chemical analysis of the corrosion product on the fracture
surface of the uncoated sample. Analysis of the corrosion product close to the edge of the
fracture surface revealed a higher nickel and aluminium content with significant amounts of
oxygen and sulphur also present. AES analysis confirmed the presence of oxides in the
corrosion product (figure 3.53) and showed that it consisted of a mixture of oxides and

sulphides. The prominent substrate alloying elements present were Cr, Hf, Al and Ni.
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A5A5AR  5KY %2

Weight percent
Elements
A B C D E
0] 3033 28.09 27.84 28.45 16.42
Al 0.38 0.60 1.53 2.70 13.94
Ni 25.24 27.76 28.21 28.28 46.58
Cr 25.19 25.92 17.70 18.00 3.04
Co 3.37 4.12 4.40 4.27 6.53
W 1.13 0.72 2.24 2.00 1.19
Ta 1.89 1.35 3.41 2.38 1.30
Ti 1.84 1.54 2.28 1.60 0.67
Zr 0.63 0.00 0.61 1.12 0.08
Hf 0.73 0.68 2.00 1.41 0.00
Fe 0.05 0.00 0.07 0.14 0.85
S 8.91 9.23 9.71 9.67 9.41

Figure 3.52 : Fractography of aluminide coated MAR-M002 after HTLCF in Ar + 5%S0O,

environment at a strain range of 0.66%
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AUGER ELECTRON SPECTROSCOPY
Aliminide Coated MAR-M002

After HTLCF in Ar + 5%SO , (S.R. 0.66)
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Figure 3.53 : AES analysis of the fracture surface of aluminide coated MAR-M002 after
HTLCF failure in SO, bearing atmosphere
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Figure 3.54 : Cracking of the coating close to the fracture surface due to HTLCF IN Ar +
5%S0, (S.R. 0.66%)
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Examination of the coating adjacent to the fracture surface revealed two modes of cracking
(figure 3.54): the one mode was circumferential cracks perpendicular to the direction of
loading and the second was cracks approximately 45° to the loading direction. The nature
of the cracks indicated a very brittle type of failure. The build-up of corrosion product

around the crack lip indicated that the presence of defects enhanced the corrosion process.

Cross-sectional examination (figure 3.55) revealed severe cracking of the coating. The
cracks in the coating were filled with corrosion product. High magnification of a crack
showed that the outer edges of crack in the coating was vulnerable to sulphidation and the
corrosion process proceeded “laterally” on the external surface. The substrate also showed
some resistance to crack initiation and was “protected” from sulphidation by the corrosion
product filling the crack. Sulphidation and cracking also proceeded preferentially along the
substrate-interdiffusion zone interface instead of into the substrate. This indicated that the

interdiffusion zone was more susceptible to sulphidation.

The corrosion product in the crack was composed of two regions, namely, a dark region
down the centre of the crack and a region which was a mixture of dark and light phases along
the crack edge (figure 3.56). The dark region down the centre was composed of mainly Al,
Ni, oxygen and sulphur. From the quantitative analysis of this region it can be seen that it
was made up mainly of aluminium oxides with smaller amounts of sulphides. The “mixed”
region showed a significantly higher sulphur and tungsten content. The higher sulphur
content clearly indicates the presence of a higher quantity of sulphide phases in this region.
The region adjacent to the corrosion product/coating interface shows a slight depletion of
aluminium when compared to the normal composition of the coating. Analysis of the crack
tip showed that the corrosion product was essentially Al, Ni, oxygen and sulphur. The region
adjacent to the crack tip in the interdiffusion zone revealed a depletion of aluminium and

tungsten as a result of the corrosion process.



119

Figure 3.55 : Cross-sectional analysis of aluminide coated MAR-MO002 after HTLCF in
Ar + 5%S0,

ALO,, NiO, Cr,S,, Ni,S,, Ni,S,, Cr,S,, Cr,S,, NiS and CrS were some of the typical sulphide
and oxide phases detected on an aluminide coated disc sample exposed to Ar +5%SO, for
five hours at 870°C (figure 3.57). These phases made up the corrosion product on the
coating and within the cracks in the coating. From figure 3.57, it can be seen that the oxides
of Al and Cr made up a significant proportion of the corrosion product. The corrosion
product on the fracture surface and the crack tip would be similar to that obtained for the

uncoated sample.
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A
B
C
E
Weight percent
pemen (d::-k) (1i§1t) E c D E I?::irod::f Coating

0 4149 | 3121 | 000 | 3062 | 000 | 0.00 0.00 0.00
Al 3345 | 2642 | 2190 | 2524 | 937 | 6.67 15.12 29.65
W 1.38 874 | 1115 | 292 | 1586 | 730 18.66 6.70
S 660 | 1594 | 089 | 11.88 | 3.01 | 0.02 0.00 0.00
Cr 0.60 3.74 | 243 | 382 | 236 | 686 14.48 5.30
Co 2.11 124 | 531 | 299 | 1038 | 825 9.92 730
Ni 1317 | 9.05 | 5699 | 1123 | 5126 | 5855 | 34.50 46.85
Ti 0.14 094 | 047 | 367 | 083 | 1.79 2.03 0.93
Ta 0.00 053 | 000 | 486 | 379 | 8.81 322 2.05
Hf 0.21 115 | 080 | 174 | 244 | 138 1.55 1.18
Zr 0.86 103 | 005 | 1.04 | 070 | 036 0.52 0.03

Figure 3.56 : Chemical analysis of the crack in aluminide coated MAR-MO002 after HTLCF

in SO, containing environment (S.R. 0.66%)
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Figure 3.57 : X-ray diffraction analysis of aluminide coated MAR-MO0O02 after exposure to
Ar + 5%S0, for 5 hours at 870°C

3.2.3.3 TYPE I Platinum Aluminide Coated MAR-M00?2

The fracture surface of a TYPE I platinum aluminide coated fatigue sample after HTLCF in
Ar + 5%S0,, figure 3.58, showed evidence of severe sulphidation. The number of cycles to
failure was 1377, which was a significant improvement over the aluminide coated and
uncoated MAR-MO002 materials systems. There were two distinct regions, namely, a
“smooth” region where crack propagation occurred and a “coarse” region where final failure
occurred. The external surface close to the fracture (figure 3.58&59) had a “fish scale” type
of appearance. This occurred as a result of the combined effect of sulphidation attack and
mechanical loading. A number of fine cracks were present in the coating. The cracks were
in general perpendicular to the direction of loading with “dark”™ corrosion product build-up

along the crack edge (figure 3.59).
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Weight percent
Elements
A B C

Al 0.25 247 2.08
Ti 1.15 3.40 3.34
Cr 26.52 7.56 7.54
Co 3.53 5.44 4.87
Ni 29.00 35.65 32.49
w 0.24 9.26 9.78
Ta 0.69 7.79 12.03
Hf 0.61 3.33 3.93
Zr 0.03 2.26 3.97
Fe 0.43 0.23 0.32

9.45 3.94 1.69
0 28.08 18.67 17.95

Figure 3.58 : Fractography of TYPE I platinum aluminide coated MAR-MO002 after
HTLCF in Ar + 5% SO, (S.R. 0.66%)
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A

C

B

Weight percent
Elements
A B (& Area Analysis

0) 45.05 45.38 42.88 40.68
Al 36.59 37.60 31.43 32.71
S 0.68 4.52 541 4.19
Ti 0.50 0.00 0.37 0.38
Cr 5.99 2.94 7.02 10.47
Co 1.88 0.41 1.30 2.26
Ni 8.09 4.93 4.54 7.23
Ta 0.00 0.00 0.00 0.00
Pt 0.00 3.31 0.90 2.07
w 0.00 0.00 0.00 0.00
Fe 0.84 0.48 0.77 0.00
Si 0.39 0.44 0.29 0.00

Figure 3.59 : Chemical analysis of the external surface close to the fracture surface of
TYPE I platinum aluminide coated MAR-M002 after HTLCF in SO, bearing
atmosphere (S.R. 0.66%)
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Chemical analysis of the fracture surface (figure 3.58) revealed a high sulphur, oxygen, Cr
and Ni content in the corrosion product. This indicated that the corrosion product was rich
in the sulphides and oxides of Ni and Cr. In the region where final failure had occurred, the

sulphur and Ni content were significantly lower.

Chemical analysis of the regions around the cracks in the coating (figure 3.59) showed that
the corrosion products on the lips of the crack was composed of essentially Al and oxygen,
indicating that these areas were composed of mainly aluminium oxides. The other regions
analysed showed small but significant amounts of sulphur. A significant feature was that the

major constituents were Al and oxygen in all the regions analysed.

Cross-sectional examination of the TYPE I platinum aluminide coated sample exposed to
SO, and HTLCF showed several cracks in the coating (figure 3.60). The cracks in the
coating were branched indicating that the cracking of the coating occurred over a significant
number of cycles. Corrosion product build-up on the coating was evident. It was noted that
when the corrosion product had covered the crack, no corrosion proceeded within the crack.
However, in the regions where the corrosion product was cracked, extensive corrosion of the
coating was observed. The sulphidation attack was concentrated at the lip of the crack

showing that the coating was most vulnerable in this region. The degradation proceeded

tovn WD16 F6903 SRR X750 10V WDI6

Figure 3.60 : Cross-sectional analysis of TYPE I platinum aluminide coated MAR-M 002
after HTLCF in SO, showing the “self healing” properties (S.R 0.66%)
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most rapidly along the coating surface and at a slower rate inwards. Chemical analysis of
the corrosion product is shown in figure 3.61. The corrosion scale was composed of light
and dark regions. Overall analysis of the corrosion product showed that it was made up
mainly of Al and Cr oxides and sulphides. The dark region was found to be essentially Al
and oxygen with relatively small amounts of S, Cr and Ni detected. The light regions were
found to be composed mainly of Cr, Al, oxygen and S with smaller amounts of Ni, Ti, and
Co. The Al content was significantly lower than that observed in the dark regions. At the
coating-corrosion scale interface, a more complex structure was obtained with a relatively
high Al, Cr, Ni, Pt, S and oxygen content. The sulphur content in this region was
significantly higher as well. This indicated that the scale at this point was composed of the
sulphides and oxides of Al, Cr and Ni with platinum “dissolved” in it. Analysis of the
coating adjacent to corrosion scale indicated that this region was depleted of Al. There was
also evidence of sulphur diffusing into the coating resulting in internal sulphidation attack.
The corrosion product in the crack in the coating revealed that it was composed of mainly
Al Ni, S and oxygen with Ti and Cr being more significant in the interdiffusion zone. The

sulphur content was highest at the crack tip.

Figure 3.62 shows the X-ray analysis of a TYPE I platinum aluminide coated MAR-M002
disc sample exposed Ar + 5% SO, at 870°C. Typical sulphide and oxide phases produced
as a result of the sulphidation attack is shown in Table 3.3. The corrosion product consisted

of the oxides and sulphides of Al, Cr and Ni.

Table3.3:  Typical oxides and sulphides formed on TYPE I platinum aluminide coated
MAR-MO002 after exposure to SO, bearing atmosphere at 870°

Oxides Sulphides
ALO, Ni,S,
Cr,0, Ni,S

NiO ALS,
Cr,S,
Cr,S,
NiS
Ni,S,




Weight percent
Elements
(d:rk) Adighl ) & (coaI:ing) ¢ B (coalzing)

Al 44.06 20.74 19.17 9.40 27.10 21.34 10.35
S 498 14.14 15.54 0.44 9.15 11.72 0.99
Ti 0.22 5.65 0.96 0.29 3.38 8.37 0.55
Cr 4.33 20.29 9.70 1.49 5.89 7.56 1.12
Co 1.10 4.12 4.44 7.07 1.97 231 6.14
Ni 220 7.75 17.88 72.66 11.43 9.96 72.66
Zr 0.00 0.27 0.00 1.22 0.25 0.73 0.00
Hf 0.38 0.19 0.35 0.51 2.65 4.53 1.34
Ta 0.44 0.05 0.70 0.00 1.42 1.28 1.27
W 0.00 0.00 0.10 2.12 1.04 0.17 1.74
Pt 0.00 0.07 10.28 4.80 1.16 0.80 3.83
0] 42.28 25.72 20.87 - 34.56 31.50 -

Figure 3.61 : Chemical analysis of the corrosion product on the surface of TYPE I

platinum aluminide coated MAR-MO002 after HTLCF in SO, bearing

atmosphere (S.R. 0.66%)
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Figure 3.62 : X-ray diffraction of TYPE I platinum aluminide coated MAR-MO002 after
exposure to Ar + 5%SO, at 870°C for 5 hours

3.2.3.3 TYPE II Platinum Aluminide Coated MAR-M002

HTLCEF tests performed on TYPE II platinum aluminide coated MAR-MO002 in Ar+ 5% SO,
resulted in an accelerated failure. However, it did show a notable improvement over the
uncoated sample tested under similar conditions. The number of cycles to failure was
approximately 540 which was about one third that obtained for a similar sample tested in
argon atmosphere. As in all the fatigue tests performed, the final failure occurred at a high

tensile load.

The fracture surface showed extensive sulphidation attack (figure 3.63) and the coating
displayed severe cracking (figure 3.63 & 64). Two types of cracks were observed: cracks
perpendicular to the direction of loading and cracks at approximately 45° to the direction of
loading. The morphology of the cracks indicated that the coating was forced outward by
corrosion processes occurring beneath the outer layer of the coating. The coating had
fractured around the lip of the cracks in certain areas, figure 3.64a, due to the presence of the

brittle platinum aluminide outer layer.
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D

C

A

B

Weight percent
Elements
A B C D

) 35.55 25.03 20.27 4.70
Al 26.13 26.46 1.95 3.19
S 421 0.66 5.09 8.62
Ti 0.15 0.04 0.92 2.41
Cr 10.22 291 27.19 7.67
Co 3.31 1.09 6.11 8.12
Ni 19.11 19.77 27.94 49.12
Zr 0.00 0.00 0.00 0.00
Hf 0.73 0.15 1.74 1.34
Ta 0.58 0.44 2.17 7.79
W 0.00 0.00 6.62 7.03
Pt 0.00 23.46 0.00 0.00

Figure 3.63 : Fractography of TYPE II platinum aluminide coated MAR-MO002 after
HTLCF in Ar + 5%S0, environment (S.R. 0.66%)
a) Fracture surface

b) Profile of fracture surface showing cracking of the coating.
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Chemical analysis of the fracture surface (figure 3.63) indicated that the corrosion product
was composed of essentially Ni and Cr oxides and sulphides. The corrosion scales in the lip
of the crack (figure 3.63 pt A) was made up mainly of Cr, Al, Ni, oxygen and S. The region
between the cracks (figure 3.63 pt B) showed very little evidence of sulphidation attack with

the chemical composition indicating a high Al, Ni, Pt and oxygen content.

Figure 3.64 : Cracking of TYPE II platinum aluminide coating close to the fracture surface
due to HTLCF IN Ar + 5%S0O, (S.R. 0.66%)

From the cross-sectional examination of the fatigue sample after HTLCF in a SO, bearing
atmosphere, figure 3.65, it was evident that although the outer Pt rich layer was fairly
resistant to sulphidation attack, however, it was very brittle and prone to cracking under
mechanical loading. The NiAl and interdiffusion zones below the outer layer showed a
lower resistance to sulphidation attack resulting in a “bell” shaped crack. The morphology
of the cracks observed on the outer surface was revealed more graphically displayed in figure
3.65b. The sulphidation attack was concentrated below the Pt aluminide outer layer. This
resulted in corrosion product build-up and internal sulphidation in this region. Eventually,
the “pressure” of the corrosion product build-up caused the coating to be forced outwards.
The substrate below the coating had also sustained extensive sulphidation attack. The
morphology of the crack in the substrate indicated that there was a very broad corrosion

“front” below the coating. This was due to the substrate being more resistant to crack

1nitiation.
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From figure 3.65 it can be seen that the NiAl rich zone and interdiffusion zone was more

resistant to crack propagation. In these regions the cracks were branched and followed a

more “jagged” path.

Figure 3.65 : Cross-sectional analysis of TYPE II platinum aluminide coated MAR-M002
after HTLCF in SO, Containing environment (S.R. 0.66%)

Figure 3.66 shows the chemical analysis of a crack that had progressed into the substrate.
The corrosion product close to the Pt rich outer layer of the coating was composed of mainly
Al, Ni and oxygen with a small amount of sulphur. The scale was composed of essentially
aluminium oxides. The regions adjacent to the crack were depleted of Al due to the
corrosion process. The black region at the coating/corrosion product interface (figure 3.66
pt.Cblack) was made up of essentially Ni, Cr, and S with smaller amounts of Al, Co, Hf and
W. This indicated that the sulphides of mainly Ni and Cr were present. The white regions
in the crack in the substrate (figure 3.66 pt.E) were particles of the substrate which were
depleted of the reactive elements Al and Cr. The black regions (Figure 3.66 pt.E) were
corrosion product made up of essentially Cr, Ni, oxygen and S. Analysis of the crack edge
in the substrate, showed these regions to be severely depleted of Cr (figure 3.66 pt.F). The
corrosion product at the propagating crack tip was made up of essentially Ni, Cr and S
(figure 3.66 pt.G).
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Weight percent
Hemens A B w}(lzite blgck B wl]::ite blfck F G H
Al 3719 | 7.39 6.64 6.70 8.48 3.87 1.55 2.69 5.15 6.65
Cr 1.42 0.45 394 | 1250 | 3.34 399 | 36.07 | 0.39 | 13.00 | 7.48
Co 244 1.33 7.77 6.94 538 | 1095 | 2.00 | 1231 | 6.91 9.42
Ni 13.81 | 29.56 | 55.22 | 36.28 | 35.04 | 6249 | 17.71 | 65.05 | 43.35 | 58.58
Ti 0.38 0.00 0.36 0.56 0.31 0.71 0.97 0.06 1.16 1.33
Zr 1.56 0.10 0.00 0.14 0.00 0.00 0.00 0.11 0.00 0.00
Hf 0.21 0.81 0.71 2.87 0.78 0.00 0.68 0.32 1.98 0.77
Ta 0.00 1.56 1.95 1.14 3.17 1.15 0.79 1.43 2.07 1.97
w 0.00 0.00 | 13.59 | 597 643 | 16.85 | 0.41 17.64 | 6.41 10.37
Pt 0.00 | 57.34 | 2.17 1.09 0.61 0.00 0.00 0.00 0.18 0.00
0 39.05 | 0.00 0.00 0.00 | 30.30 | 0.00 | 32.24 | 0.00 0.00 0.00
S 3.97 1.47 7.65 | 25.81 | 6.15 0.00 7.59 0.00 | 19.77 | 3.44

Figure 3.66 : Cross-section of TYPE II platinum aluminide coated MAR-M002 showing
a fatigue crack that had propagated into the substrate after HTLCF in Ar +
5%S0, (S.R 0.66%)
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X-ray diffraction of a TYPE II platinum aluminide coated sample exposed to Ar + 5%S0O,
at 870°C for S hours, is shown in figure 3.67. Typical phases that will be found in the

corrosion scale on the coating are Al,O;, Ni,S,, Cr,0, and Ni,S,.
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Figure 3.67 : X-ray diffraction analysis of TYPE II platinum aluminide coated MAR-M002
after exposure to Ar + 5% SO, at 870°C for 5 hours

3.2.3.5 2um Platinum Aluminide Coated MAR-M002

HTLCF of 2pm platinum aluminide coated MAR-MO0O02 in Ar + 5%S0, at a strain range of
0.66% produced a life of 606 cycles. Fractography analysis (figure 3.68) revealed evidence
of sulphidation attack of the fracture surface and severe cracking of the coating close to the
fracture surface. The cracking of the coating was primarily circumferential and
perpendicular to the direction of loading. The morphology of the cracks (figure 3.69) were
similar to that observed in the TYPE II platinum aluminide coated sample. Figure 3.69
showed evidence that the coating was forced outward. The indicated region in figure 3.68
shows “swelling” of the coating due to subsurface sulphidation attack. The brittle platinum

rich outer layer cracked due to the swelling of the coating (figure 3.69) and mechanical

loading.
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Weight percent
Elements
A B C D E
0] 14.93 22.95 15.03 24.02 30.23
Al 5.10 0.12 441 17.99 16.04
S 4.67 3.88 3.14 10.76 1.44
Ti 222 0.06 1.64 0.21 1.56
Cr 10.31 26.51 6.09 3.08 7.30
Co 6.06 16.93 7.91 2.81 7.27
Ni 42.23 25.08 45.56 30.53 24.52
Zr 0.00 0.24 0.05 0.00 0.29
Hf 3.99 1.03 1.63 0.50 1.91
Ta 4.50 0.00 SIS 0.00 3.47
W 5.99 3.19 11.33 0.00 3.04
Pt 0.00 0.00 0.00 10.12 294

Figure 3.68 : Fracture surface of 2um platinum aluminide coated alloy after HTLCF in AR
+ 5% SO, (S.R. 0.66%)
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Chemical analysis of the fracture surface showed a high Cr, Ni, and oxygen content with a
relatively small but significant amounts of sulphur present. The corrosion product on the
crack on the external surface was composed of essentially Ni, Al, oxygen and sulphur. The

region between the cracks showed a significantly lower sulphur content than the corrosion

Figure 3.69 : Cracking of the 2um platinum aluminide coated MAR-MO002 close to the
fracture surface after HTLCF in SO, containing environment (S.R. 0.66%)

Cross-sectional analysis of the fatigue sample showed several cracks in the coating (figure
3.70). The morphology of the cracks were very similar to that observed in the TYPE II
platinum aluminide coated sample. The structural difference in the coatings was that in the
2um platinum aluminide coating the platinum rich outer layer was thinner than the TYPE
II platinum aluminide coating. The nickel aluminide intermediate layer in the coating was
found to be more susceptible to sulphidation attack. Once the platinum rich layer was
breached the sulphidation attack proceeded at a much higher rate “laterally” along the NiAl
layer rather than inwards towards the substrate. Figure 3.70a shows swelling of the coating
due to the internal sulphidation attack. This process resulted “blistering” of the coating.
The single phase NiAl layer was again shown to be more resistant to crack propagation with
the cracks in the coating tending to branch in this region (figure 3.70). Since the corrosion
proceeded “laterally” in the NiAl zone in the coating, the “corrosion front” encountered by

the substrate was much broader with it eventually being concentrated at the crack tip.
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Figure 3.70 : Cross-sectional analysis of 2um platinum aluminide coated MAR-MO002 after
HTLCEF in SO, Containing environment (S.R. 0.66%)
a&b) Transverse cross-section

c&d) Longitudinal cross-section

Chemical analysis of the cross-section of a crack in the coating (figure 3.71) revealed that
the corrosion product was composed of mainly aluminium, chromium and oxygen with
smaller amounts of sulphur and elements of the base alloy. The sulphur content was
significantly higher in the “porous” region with oxygen being virtually non-existent (figure
3.71 pt.E). The region of the coating adjacent to the crack was depleted of aluminum when
compared with the bulk coating analysis. Analysis of the corrosion product in the
interdiffusion zone (figure 3.71 pt.H) indicated a high nickel and oxygen content with a
significant amount of sulphur present. From the quantitative analysis it can be seen that the

corrosion product in this region was essentially nickel oxides and sulphides, with sulphides



Weight percent
Elements

A B C D E F G H I J K
Al 3474 | 0.58 [41.36| 4.02 | 17.00 [11.89 |23.69 | 0.31 | 7.81 [13.49| 9.00
Cr 417 154581 158 1 041 1970 | 0.75 | 2.54 | 0.79 | 2.46 | 7.84 | 12.47
Ni 14.08 [11.15 [ 7.66 |21.58 | 32.77 [ 75.53 | 52.59 | 46.04 | 62.65 | 43.93 | 14.98
Pt 0.23 | 0.00 | 0.40 |66.81 | 6.94 | 434 | 7.62 | 1.09 | 1.36 | 1.78 | 0.33
Co 334 [ 261 | 211 | 225 | 397 | 555 | 815 | 585 | 513 | 7.87 | 9.37
Ti 093 [ 1.72 | 022 | 0.00 | 0.54 | 0.33 | 0.48 | 0.00 | 0.91 | 2.52 | 1.29
Zr 0.00 | 0.00 | 0.33 | 0.00 [ 0.00 | 0.00 | 0.00 | 0.47 | 0.00 | 0.23 | 0.52
Hf 0.61 [ 0.57 | 0.39 | 0.00 | 1.78 [ 0.47 | 0.00 | 0.00 | 1.54 | 4.44 | 0.07
Ta 1.05 | 0.18 | 0.20 | 1.41 | 0.97 | 0.00 | 3.31 | 0.00 | 3.40 | 595 | 2.36

0.71 [ 0.00 [ 0.00 | 352 | 1.78 [ 0.00 | 1.61 [ 0.40 ]10.50 | 11.97 [ 16.56
0] 39.36 125.04 143.24 | 0.00 | 0.00 | 0.00 | 0.00 |20.50 [ 0.00 | 0.00 | 28.11

0.78 | 3.57 | 2.51 | 0.00 [24.55( 1.14 | 0.00 [24.54 | 424 | 0.00 | 4.96

Figure 3.71 : EDS analysis of a crack in the coating of 2pum platinum aluminide coated

making up the major constituent. A significant feature was that the sulphide phases were
found to be concentrated more towards the corrosion scale/substrate interface. This was

evidence that the oxides were formed first with sulphur diffusing through the corrosion scale

MAR-MO002 after HTLCF in Ar + 5% SO, environment (S.R. 0.66%)

to the substrate.
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X-ray diffraction analysis of the of a 2pm platinum aluminide coated MAR-M002 disc
sample exposed to Ar + 5%S0, at 870°C for 5 hours is shown in figure 3.72. The corrosion
product was composed of Al,O, and Cr,0, oxides and in smaller quantities Ni,S,, CrS, NiS,
ALS;, Cr;S,, and Ni,S,. From this analysis it was evident that the coating had a higher
tendency to form oxides rather than sulphides on the external surface.
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Figure 3.72 : X-ray diffraction analysis of a 2pum platinum aluminide disc sample after
: exposure to Ar + 5% SO, at 870°C for 5 hours

3.2.3.6 Platinum Coated MAR-MO002

The platinum coated MAR-MO0O02 fatigue sample failed after 271 cycles under the combined
effect of HTLCF and SO, containing environment. The presence of the platinum coating
did not influence the corrosion-fatigue life significantly compared to the uncoated alloy. The
fracture surface (figure 3.73) showed evidence of sulphidation attack. High magnification
of the fracture edge displayed evidence of delamination of the coating (figure 3.73b) due to
the combined effect of fatigue loading and sulphidation attack. Chemical analysis of the
corrosion product on the fracture surface showed that it was made of mainly Cr, Ni, sulphur
and oxygen. AES analysis of the fracture surface (figure 3.74) confirmed the presence of
oxygen in the corrosion product, and showed that it was made up of mainly Cr, Ni, Al, S and

oxygen.
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Weight percent
Elements
A B C D

o) 18.05 2145 22.53 18.93

10.84 2.51 7.84 3.94
Ti 2.20 2.09 240 0.95
Cr 17.85 7.65 25.67 15.51
Co 3.57 5.69 3.84 6.83
Ni 36.94 36.11 28.99 38.05
Al 1.05 2.83 0.44 3.63
Zr 3.30 2.27 0.47 1.36
Fe 0.12 0.38 0.03 0.40
W 3.03 7.79 1.05 3.69
Ta 2.24 5.51 2.11 233
Hf 0.82 3.27 0.26 1.56
Pt 0.00 0.00 0.00 2.80

Figure 3.73 : a) Fracture surface of platinum coated MAR-MO0O02 after HTLCF in SO,
bearing atmosphere (S.R. 0.66%)

b) High magnification showing delamination of coating.
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Figure 3.74 : AES analysis of the fracture surface of platinum coated MAR-MO002 after
HTLCEF in Ar + 5%SO0, (S.R. 0.66%)

Figure 3.75 : Fractography of platinum coated MAR-MO002 after HTLCF in SO, containing
environment (S.R. 0.66%)
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From the nature of the fracture surface it was evident that there was two major cracks
propagating simultaneously which resulted in the final failure of the of the fatigue sample.
The external surface close to the fracture revealed that the coating layer had “peeled” off in
the region of the fracture (figure 3.75). No severe cracking of the coating was observed,
however, there was evidence of “blistering” of the coating (figure 3.75a) due to the combined
effect of sulphidation attack and mechanical loading. Figure 3.75b showed a “creased”
effect on the coating on one half of the sample. The “bubble” like protrusions on the coating
was evident as in the samples tested in argon and air atmospheres, indicating that this was

a property of the coating and not due to the environment.

Cross-sectional analysis (figure 3.76) revealed little evidence of cracking of the coating. A
significant feature observed, as in the previous platinum coated samples tested, was that the
coating thickness had grown from approximately 17pm to approximately 50um, due to the
high temperature exposure of the sample. This demonstrated the high diffusivity of
platinum. The longitudinal cross-section of the fracture surface showed that the coating had

“peeled” away from the substrate at the coating-fracture interface.

Figure 3.76 & 77 showed that the sulphidation attack was concentrated in the y’ depleted
zone. The corrosion processes proceeded along this region resulting in the coating peeling
off. This image compliments the evidence shown on the fractography analysis shown in
figure 3.75. The corrosion product in the “pores” was made up of essentially Ni, Cr and
sulphur with no ew)idence of oxygen. A significant feature was that the corrosion product had
a similar composition to that found on the uncoated alloy. The corrosion product on the
external surface was made up mainly of chromium, nickel, sulphur and oxygen (figure 3.77).
From the quantitative analysis it was very evident that it was made up mainly of oxides. The
white region (point B) was made up of mainly nickel and platinum and was depleted of

aluminium and chromium.

In certain regions of the coating the external surface of the coating did show sulphidation
attack (figure 3.78). This, in general, had occurred close to the fracture surface. The “grey”
region of the coating showed a higher susceptibility to sulphidation attack. This process
produced “porous” regions. The dark regions or “pores” were made up of essentially Cr, Ni

and sulphur, while the white regions (solid) was essentially nickel and platinum.



141

Figure 3.76 : Cross-sectional analysis of platinum coated MAR-MO002 after HTLCF in
SO, Containing environment (S.R. 0.66%)
a & b) Longitudinal cross-section

¢ & d) Transverse cross-section

X-ray diffraction analysis of platinum coated disc sample exposed to Ar + 5%S0O, at 870°C
for five hours is shown in figure 3.79. It can be seen that the coating was not very
susceptible to sulphidation attack in the unstressed condition. From this analysis typical
phases in the corrosion product on the coating was determined to be Cr,0,, Al,O,, NiCr,0,
Cr,S;, CrS,, Ni,S,, TiS, Ni,S, and CrS. The phases present in the substrate-coating
interdiffusion zone will be more accurately determined using the corrosion test results

obtained for the uncoated disc sample.
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F
Weight percent
Elements

A B C D E F
Ti 0.58 0.11 1.73 1.34 1.14 2.19
Cr 56.43 0.67 0.95 15.44 7.02 31.40
Co 343 7.50 2.23 5.89 10.50 4.40
Ni 3.53 33.62 27.22 3332 63.81 17.36
Al 4.47 0.64 432 343 3.10 2.54
Zr 0.00 0.00 0.00 4.83 0.00 0.00
Hf 0.00 0.34 4.71 3.16 1.08 2.29
Ta 0.00 0.00 1.13 0.00 2.28 0.59
w 0.00 0.00 3.85 10.46 11.07 1.45
Pt 1.78 57.12 53.37 0.00 0.00 0.00

0.75 0.00 0.49 22.14 0.00 37.80
0 29.04 0.00 0.00 0.00 0.00 0.00

Figure 3.77 : Transverse cross-section of platinum coated MAR-MO002 showing

sulphidation attack of the external surface and internal sulphidation of the y’

depleted zone
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.413.3‘ 25KV B 50 190Mm WD1?
a
Weight percent

Elements
A(solid) A(pores) Bw Bg
Ti 0.83 1.47 1.12 0.17
Cr 4.89 27.42 1.81 5.86
Co 3.57 5.02 2.62 7.12
Ni 23.99 20.56 22.70 32.79
Zr 3.28 0.00 1.38 0.00
Hf 0.67 1.24 0.86 0.55
Al 3.16 0.00 3.69 1.83
Ta 0.00 0.06 2.75 0.25
w 1.37 0.00 4.94 8.28
Pt 57.33 10.78 58.12 42.11
S 0.91 33.46 0.00 1.03

Figure 3.78 : Internal sulphidation of the platinum coating due HTLCF in AR + 5%SO0,
(S.R. 0.66%)
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Figure 3.79 : X-ray diffraction analysis of platinum coated MAR-M002 after exposure to

Ar + 5% SO, at 870°C for 5 hours
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3.2.4 HTLCEF in Ar + 5%8S0, - Strain range of 0.38%

Due to the accelerated failures observed in the coated sample under the strain range of
0.66%, HTLCF in Ar + 5%S0, was performed on all the materials systems at a lower strain
range of 0.38%. It was established that at the higher strain range that mechanical failure of
the coatings played a key role in the final failure of the fatigue sample. At the lower strain
range it was believed that the environment will play a more influential role in the failure
mechanism. The tests were limited to the SO, bearing atmosphere due to the limited number

of samples available.
3.2.4.1 Uncoated MAR-M002

HTLCEF failure of uncoated MAR-M002 in Ar + 5%S0O, at a strain range of 0.38% occurred
after 9304 cycles. The lower strain range resulted in a 30 fold increase in the HTLCF life
under sulphidation conditions when compared with similar tests performed at the higher
strain range. Fractography analysis revealed severe sulphidation attack on the fracture
surface and the external surface close to the fracture (figure 3.80). The fracture surface was
covered with a “sponge” like corrosion product (figure 3.80b). The corrosion product on the
external surface had cracked due to the combination of mechanical loading and sulphidation
(figure 3.81a). The sulphidation attack below the corrosion scale forced the lips of the cracks
outwards (figures 3.81b).

Chemical analysis of the corrosion product on the external surface close to the fracture
(figure 3.80) indicated that it was composed of mainly aluminium and nickel oxides and
sulphides. The corrosion product on the fracture surface was made up of mainly nickel and
chromium oxides and sulphides. This was consistent with the tests performed at the higher
strain range. Auger electron spectroscopy (figure 3.82), indicated that the corrosion product
was made up of mainly Cr, S, Al, Ni and oxygen. The region just below the fracture surface
(I, and 1,) showed no significant variation from the base metal. The AES analysis of the
fracture surface complimented the EDS analysis and confirmed the presence of oxygen in

significant quantities.
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. 13 Ei l:l ':J. m

Weight percent
Elements A " 2 b ngggl
0 23.05 28.52 2539 28.70 20.55
Al 2.26 1.12 1.92 0.44 36.90
Ni 32.35 25.85 31.44 23.99 33.57
Cr 21.20 2592 15.55 28.75 2.12
Co 5.11 5.25 5.08 4.72 0.00
W 2.59 1.02 1.04 0.70 2.15
Ta 0.48 1.41 2.16 2.17 0.00
Hf 0.21 1.07 1.53 0.75 1.48
Ti 0.56 1.11 1.47 1.35 0.34
Zr 4.84 0.00 2.34 0.00 0.00
Fe 0.00 0.03 0.09 0.11 0.38
S 7.35 8.70 11.97 8.31 2.52

Figure 3.80 : Fracture surface of uncoated MAR-MO002 after HTLCF in Ar + 5% SO, (S.R.
0.38%)
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Figure 3.81 : Fractography of uncoated MAR-MO002 after HTLCF in SO, containing
environment showing corrosion on the external surface close to the fracture

surface (S.R. 0.38%)

AUGER ELECTRON SPECTROSCOPY
Uncoated MAR-M002 After HTLCF in

r+5%S0, (S.R.0.38%)
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Figure 3.82 : AES analysis of the fracture surface after HTLCF of uncoated MAR-M002
in SO, containing environment (S.R. 0.38%)
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Cross-sectional analysis of an uncoated fatigue sample after HTLCF in SO, bearing
atmosphere at a strain range of 0.38% revealed severe sulphidation attack of the surface
(figure 3.83 & 84). A significant feature, as observed in tests performed at the higher strain
range, was that only one major crack had propagated to final failure. The corrosion product
morphology on the surface was very similar to that observed in the tests performed at a strain
range of 0.66%, indicating that the corrosion processes was not affected by the change in the
mechanical loading. It is evident from figure 3.83 that the corrosion scale had “spalled” off
in regions. The cracking of the corrosion scale (figure 3.83b) did not affect the corrosion

process significantly.

Figure 3.83 : Cross-sectional analysis of uncoated MAR-M002 after HTLCF in SO,

Containing environment (S.R. 0.38%)

The corrosion scale on the fracture surface (figure 3.84) was significantly thicker than that
observed in the test performed at a strain range of 0.66%. However, the morphology of the
scale was very similar. The corrosion scale was differentiated into three regions/zones
according to their shading: (I) light grey region, (ii) dark grey region, and the (iii) black
region. The chemical composition of these regions were discovered to vary significantly.
The light grey region was composed mainly of Ta and oxygen with smaller amounts of Al,
S, Cr, Ni, Ti, and Hf. The dark grey region was composed essentially of Cr, Ni, oxygen and
sulphur. This region made up the major part of the corrosion product and formed the layer

of the corrosion product that was exposed to the environment. The black region was made
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ABCD

Weight percent
Elements

A B C D E F G H I
Al 8.01 1.07 31.49 5.92 0.16 0.68 35.10 2.71 6.22
S 4.61 6.90 9.91 6.24 7.51 3.16 8.99 0.46 0.29
Cr 2.36 40.84 4.46 6.53 42.46 7.53 1.82 0.45 8.19
Co 1.43 2.38 437 1.70 2.58 1.19 2.46 12.62 8.98
Ni 10.81 15.64 | 18.01 | 14.34 | 16.73 | 10.64 | 21.99 | 69.99 | 60.97
Ta 29.06 1.01 0.00 29.47 0.57 41.73 1.30 0.00 1.81
Zr 0.00 0.39 0.17 0.20 0.29 0.00 0.28 0.11 0.18
Ti 10.08 1.68 0.77 12.03 1.55 18.96 0.28 0.17 1.20

0.00 0.32 0.00 0.00 0.46 0.00 0.00 13.49 10.91
0] 23.89 | 28.94 | 29.63 | 20.75 | 27.68 | 16.10 | 27.77 0.00 0.00
Hf 4.75 0.84 1.20 2.81 0.00 0.00 0.00 0.00 1.24

Figure 3.84 : Corrosion product on the fracture surface after HTLCF of uncoated MAR-
MO002 in SO, bearing atmosphere (S.R 0.38%)

up of mainly Al, Ni, oxygen and sulphur. These regions were found in the middle of the
corrosion scale and at the scale/substrate interface. The “porous” region below the corrosion
scale shows clear evidence of internal sulphidation. The “pores” were filled with black
corrosion product which was essentially composed of nickel sulphides ( figure 3.84). The
corrosion scale on the external surface close to the fracture was made up of a similar

morphology to that found on the fracture surface.
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3.2.4.2 Aluminide Coated MAR-M002

Aluminide coated MAR-MO002 exposed to creep-fatigue loading and Ar + 5%SO,
atmosphere at 870°C and creep-fatigue loading at a strain range of 0.38% failed after 6769
cycles. The fracture surface (figure 3.85) showed two distinct regions: a “smooth” region
(where crack propagation occurred) and a “coarse” region (where final failure occurred).
Sulphidation attack was manifested by the presence of dark sulphide phases on the fracture
surface. The corrosion product on the “smooth” region was complex with significant
amounts of a number of the alloying elements of the substrate, plus oxygen and sulphur. It
was evident from that the main constituents were Ni, Cr and oxygen with a smaller but
significant amount of sulphur being present. The coarse region showed only minor
sulphidation attack and this was confirmed by the lower oxygen and sulphur content
detected. AES of the fracture surface, region just below the fracture surface and bulk alloy
(figure 3.86) showed that the corrosion product was composed of significant amounts of

oxygen, Cr, S Ti, Al, Hf and Ni.

High magnification of the region close to the edge of the fracture surface (figure 3.85b)
revealed delamination of the coating and the presence of “spongy” corrosion product. The
external region close to the fracture showed severe deterioration of the coating. Swelling
(figure 3.87a) and blistering of the coating (figure 3.87b) was observed. There was also
evidence of localised sulphidation attack of the coating. The cracking of the coating was not
as severe as that observed in the tests performed at the higher strain range. However,
cracking of the coating in the region adjacent to the fracture surface was observed due to this

region experiencing the highest stresses.

Cross-sectional analysis of an aluminide coated sample after HTLCF in AR + 5%S0, at a
strain range of 0.38% showed severe damage to the coating (figure 3.88a). The coating
immediately adjacent to the fracture surface was completely destroyed. The “blistering” of
the coating was vividly displayed and the sulphidation of the coating was very evident.
Internal sulphidation of the NiAl layer resulted in a “sponge” like effect with the “pores”
being filled with corrosion product. This process plus the susceptibility of the interdiffusion

zone to sulphidation resulted in the blistering of the coating.
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Weight percent
Elements
A B C
O 23.53 21.05 14.66
Al 3.21 332 2.98
Ni 37.40 41.51 46.52
Cr 8.98 8.30 7.13
Co 6.16 7.29 7.38
w 6.96 8.86 8.96
Ta 3.13 2.16 393
Hf 1.98 1.04 3.75
Ti 1.70 1.71 1.60
Zx 1.38 0.00 1.72
Fe 0.03 0.00 0.14
S 5.50 4.76 1.25

Figure 3.85 : Fracture surface of aluminide coated MAR-M0Q02 after HTLCF in Ar + 5%
SO, (S.R. 0.38%)



152

AUGER ELECTRON SPECTROSCOPY
Aluminide Coated MAR-MQ02 After HTLCF
in Ar + 5%S0O, (S.R. 0.38%)
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Figure 3.86 : AES analysis of the fracture surface an aluminide coated sample after
HTLCF in SO, bearing atmosphere (S.R. 0.38%)
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Figure 3.87 : Fractography showing blistering of the aluminide coating after
HTLCF in Ar + 5% SO, (S.R. 0.38%)
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Chemical analysis of a blister in the coating (figure 3.89) showed that the corrosion scale on
the outer region was made up of mainly Ni, Al, and oxygen with smaller amounts of S, Cr
and W. The corrosion product in this region was essentially Al and Ni oxides and sulphides
with Al being the dominant constituent. Chemical analysis of the “porous” region in the
coating showed that this region was depleted of aluminium and the corrosion product was

made up of mainly oxides.

The corrosion product on the coating was made up of essentially aluminium oxides and
sulphides due to the high aluminium content in the NiAl layer (figure 3.90). This analysis
also indicates that the aluminium was significantly more reactive under the environmental
conditions tested. The region adjacent to the corrosion scale (figure 3.90) was depleted of
aluminium, dropping by approximately 60% when compared with the as received coating.

The NiAl layer was effectively leached of aluminium.

Figure 3.88 : Cross-sectional analysis of aluminide coated MAR-MO002 after HTLCF in
SO, Containing environment (S.R. 0.38%)
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Weight percent
Elements A B B C C D
(pores) (solid) |(corr.prod.)| (solid)

0] 31.62 0.55 1.33 33.05 1.45 45.26
Al 26.27 0.68 3.06 1.59 4.55 25.08
Ti 1.04 0.32 0.00 5.87 0.00 0.91
Cr 7.09 8.77 0.47 1.92 0.31 3.90
Co 1.19 11.98 12.74 3.70 8.60 1.26
Ni 18.72 69.49 68.77 33.04 71.18 13.86
Zr 0.59 0.00 0.07 8.47 0.44 0.22
Hf 1.86 0.92 0.00 4.90 0.00 0.95
Ta 1.43 1.81 1.54 0.90 2.88 0.75
W 4.20 5.06 11.94 1.01 10.08 0.26
S 5.99 0.41 0.08 5.53 0.51 7.55

Figure 3.89 : Chemical analysis of the blister in the aluminide coating after HTLCF in SO,
(S.R. 0.38%)
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D

A B

C

Weight percent
Elements
A B C D

0] 43.12 0.00 0.00 0.00
Al 32.24 1.77 757 5.77
S 5.29 0.38 0.45 0.00
Ti 0.36 0.35 1.88 1.94
Cr 4.33 1.01 3.19 3.51
Co 1.33 8.79 6.90 6.47
Ni 0.95 70.95 61.71 60.47
W 5.29 5.48 14.08 12.18
Zr 0.00 0.00 0.45 3.94
Hf 0.75 1.11 1.15 1.74
Ta 1.94 4.15 2.62 3.67

Figure 3.90 : Corrosion process in a crack that had developed in the aluminide coating after

HTLCF in Ar + 5% SO, (S.R. 0.38%)
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3.2.4.3 TYPE I Platinum Aluminide Coated MAR-M00?2

The life of TYPE I platinum aluminide coated MAR-MO002 after HTLCF in Ar + 5%SO, at
a strain range of 0.38% was significantly lower than that of the aluminide coated and
uncoated samples tested under similar conditions. The number of cycles to failure was 1400,
which was very similar to the samples tested at the higher strain range. The fracture surface
(figure 3.91) was covered with dark corrosion product as a result of the sulphidation attack.
There were two distinct regions on the fracture surface; the smooth region where crack
propagation occurred and the coarse region where final failure occurred. The corrosion
product oh the fracture surface was made up of mainly Ni, Cr, S and oxygen (figure 3.91).
A qualitative AES analysis of the fracture surface (figure 3.92) showed that there was a
significant amount of oxygen and sulphur present in the corrosion product. (A quantitative
analysis was not possible due to the contamination of the fracture surface with carbon.) The
most prominent alloying elements present were Al and Ni with smaller amounts of Cr and

Ti.

The coating showed evidence of a few severe cracks (figure 3.93) close to the fracture
surface. Figure 3.93a indicated that the sulphidation attack was concentrated in the region
where the coating was cracked. Corrosion product was evident around the edge of the
fracture surface (figure 3.93b). The morphology of this corrosion product indicates that it
was most probably in the liquid state during the test. The crack profile (figure 3.93b)
revealed a structure very similar to that observed in the TYPE II platinum aluminide coated
alloy. The evidence indicated that the corrosion processes inside the crack had forced the

lips of the crack outwards.

Sulphidation attack of the coating was concentrated in the regions where the coating had
failed (figure 3.94). The deterioration of the coating was most severe at the fracture
surface/coating interface (figure 3.94). Severe internal sulphidation of the coating was
evident. The interdiffusion/substrate zone was very susceptible to sulphidation and the
corrosion proceeded more rapidly along this region than into the substrate. High
magnification of the crack in the coating (figure 3.94b) revealed severe internal sulphidation
of the coating along the crack edge resulting in “swelling” of the coating. The sulphidation
attack progressed more rapidly “laterally” along the coating resulting in the widening of the

crack.
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Weight percent
Elements
A B C D
o) 19.03 26.42 23.70 17.47
Al 3.37 0.67 1.19 3.87
Ni 34.67 30.95 27.66 41.17
Cr 14.94 20.59 19.23 8.12
Co 10.01 5.70 4.19 5.81
W 4.96 2.95 3.20 7.83
Ta 1.39 0.49 6.56 4.44
Hf 0.30 043 3.14 2.68
Ti 0.54 0.32 2.87 2.10
Zr 431 0.00 0.00 0.00
Fe 0.41 0.06 0.09 0.07
S 6.06 11.20 8.17 5.79
Pt 0.00 0.22 0.00 0.65

Figure 3.91 : Fracture surface of TYPE I platinum aluminide coated MAR-MO0Q2 after
HTLCF in Ar +5% SO, (S.R. 0.38%)
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Figure 3.93 : Fractography showing cracking and localized sulphidation of the TYPE I
platinum aluminide coating after HTLCF in Ar + 5% SO, (S.R. 0.38%)

Chemical analysis of the region close to the fracture surface is shown in figure 3.95. The
evidence indicated that the corrosion product on the outer region was composed of mainly
Cr, Al, Ni, oxygen and sulphur. The edge of the fracture surface showed a more complex

corrosion product morphology (figure 3.95). The outer layer of the corrosion product (figure

Figure 3.94: Micrographs showing the morphology of cracks and corrosion -fatigue
damage of the TYPE I platinum aluminide coating after HTLCF in Ar + 5%
SO, (S.R. 0.38%)
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3.95) was made up of principally Cr, Ni, Co, oxygen and sulphur. The region below this
was a mixture of particles of the alloy and dark corrosion product. The dark corrosion

product was made up of the alloying elements, Ti, Cr, Ni, Ta, Hf, and Al, and oxygen and

a
Weight percent
Elements

A B (dg'k) (ligcht) p B (d::'k) (li:ht) G
Ti 2.55 0.22 5.7 0.01 9.16 0.48 033 0.00 0.02
Cr 7.77 [ 3512 | 1539 | 1.20 | 1845 | 3.51 15.02 { 0.77 0.22
Co 2.26 7.19 1.11 1179 | 236 | 1224 | 536 | 1096 | 1093
Ni 2328 [ 1395 | 8.26 | 53.10 | 11.61 | 67.51 | 24.86 | 75.24 | 72.02
Ta 4.02 0.00 | 1625 | 0.70 9.85 0.29 0.63 0.41 0.00
Hf 1.97 0.00 295 0.37 6.96 1.14 1.09 0.16 0.00
W 01.31 [ 0.50 094 | 2522 | 0.00 | 12.07 | 0.00 0.00 7.10
Zr 0.54 0.00 0.07 0.00 0.00 0.00 0.00 0.00 0.00
Al 16.94 | 0.00 9.30 0.17 6.38 276 | 11.65 | 4.32 3.39
Pt 0.19 0.00 0.00 0.00 0.29 0.00 1.88 8.15 6.32
0] 28.53 | 3891 | 39.81 | 7.43 | 30.18 | 0.00 0.00 0.00 0.00

10.63 | 4.10 1.47 0.00 4.78 0.00 | 39.18 | 0.00 0.00

Figure 3.95: Chemical analysis of the coating close the fracture surface of a TYPE I
platinum aluminide coated sample after HTLCF in SO, (S.R. 0.38%)

wlopleo M e W= REN o
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D
B
A
C
a
Weight percent
Elements
A B C D E El F G
Ti 0.29 0.16 0.36 0.60 0.19 0.55 7.26 1.82
Cr 4.17 7.18 3.25 5.28 1.19 23.60 14.20 5.39
Co 2.89 2.14 6.79 1.49 23.64 2.58 1.55 8.47
Ni 11.02 28.24 55.76 5.61 51.83 8.97 5.64 63.54
Ta 0.00 0.71 0.00 0.35 0.13 0.33 7.33 1.79
Hf 0.00 1.04 0.00 0.52 0.61 0.00 0.79 0.90
W 0.21 0.00 1.01 0.45 0.06 0.67 15.52 10.70
Zr 1.27 2.47 0.00 0.56 0.00 0.25 0.00 0.00
Al 35.39 10.99 17.07 39.07 0.00 9.40 8.00 7.06
2.87 15.95 0.00 4.67 0.00 43.17 4.87 0.00
0] 41.89 8.12 0.00 41.15 21.63 10.39 33.11 0.00
Pt 0.00 23.00 15.75 0.23 0.70 0.09 1.72 0.33

Figure 3.96 :  Chemical analysis of crack through the TYPE I platinum aluminide coating
after HTLCF in Ar + 5% SO, (S.R. 0.38%)

sulphur. The major constituents were Cr, Ni, Ta, Al and oxygen. This indicated that mainly
the oxides of these elements were present. The “white” alloy particles were depleted of the
reactive elements and were composed of mainly of Ni, Co, and W. The corrosion product
in the “pores” in the coating was made up of the sulphides of Cr, Co, Ni, and Al with no

oxygen evident. The “white” coating alloy was depleted of aluminium and Cr.
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The corrosion product in the crack in the coating and on the external surface (figure 3.96)
was composed of mainly aluminium oxides and sulphides. The black region in the coating
adjacent to the corrosion scale (figure 3.96 pt. E1) was found to be essentially chromium
sulphides with the oxygen content being insignificant. The corrosion product in the
interdiffusion zone (figure 3.96 pt. E) was predominantly Ni, Co, and oxygen. As the
corrosion-fatigue crack proceeded into the substrate the corrosion product became more
complex with significant amounts of Ti, Cr, Ni, Ta, W, Al, oxygen and sulphur being
detected. The distribution of sulphur and oxygen indicate that oxides are formed on the outer
regions, with sulphides being formed in the scale/substrate interface. The corrosion front
progressing into the alloy was fairly broad due to the sulphidation attack progressing
“laterally” in the coating. The coating showed a high resistance to sulphidation attack with

sulphidation attack being concentrated in the cracks.

3.4.2.4 TYPE II Platinum Aluminide Coated MAR-M002

TYPE 1II platinum aluminide coated MAR-MOO2 failed after 1668 cycles due to the
combined effect of HTLCF (0.38% strain range) and Ar + 5%SO, at 870°C. There was no
significant improvement in life when compared to similar tests performed on TYPE I
platinum aluminide coated samples. However, there was approximately a three fold increase
in life when compared to similar tests performed on TYPE II platinum aluminide coated

MAR-MO002 at a strain range of 0.66%.

The fracture surface was covered with dark corrosion product (figure 3.97). There were
again two distinct regions on the fracture surface, i.e., a smooth region where crack
propagation occurred and a coarse region where final failure occurred. Chemical analysis
of the fracture surface showed that the corrosion product was made up of a mixture of oxides
and sulphides of the alloying elements. Cr, Ni and Co were the most significant of the
alloying elements present. The amount of aluminium became much more significant closer
to the coating/fracture surface interface. This was due to the higher aluminium content in
the coating. The composition of the corrosion product on the external surface close to the
fracture was essentially Ni, Cr, Al, oxygen and sulphur and platinum. The aluminium
content was significantly higher than that on the fracture surface. The corrosion product on

the lip of the cracks showed a composition similar to that detected on the fracture surface
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a b
Weight percent
Elements

A B (8 D E crack Ecoat

0] 27.60 17.16 15.50 18.58 24.75 31.57
2.83 6.09 8.14 11.75 5.94 0.21

Cr 948 21.49 26.27 18.48 29.75 3.36
Co 4.58 15.44 5.41 4.56 5.42 0.26
Ni 27.35 36.42 34.99 30.42 20.71 10.86
Zr 0.00 0.23 0.00 0.00 0.52 0.00
Hf 0.49 0.00 1.24 2.80 0.42 0.00
Ta 0.56 - 0.00 2.49 5.31 0.48 0.32
W 0.13 1.96 1.66 1.30 0.00 0.38
Ti 1.46 0.20 2.55 3.37 2.07 0.03
Pt 10.29 0.00 0.00 0.00 0.98 16.66
Al 15.22 1.02 1.74 1.45 8.97 36.36

Figure 3.97: a)  Fracture surface of TYPE II platinum aluminide coated MAR-M002
after HTLCF in Ar + 5%S0, (S.R. 0.38%)

b)  Profile of the fracture surface showing cracking of the coating
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Figure 3.98:  Fractography showing severe cracking of the coating close to the fracture
surface in TYPE II platinum aluminide coating after HTLCF in Ar + 5%
SO, (S.R. 0.38%)

with a significantly higher aluminium content. The regions between the cracks was
composed of Pt, Al, Ni and oxygen with the sulphur content being negligible. This indicated

that if the coating was not damaged, it offered a high resistance to sulphidation attack.

The coating close to the fracture surface showed evidence of severe cracking and
sulphidation attack (figure 3.97&98). Two modes of cracking was observed, namely, 45°
to the direction of loading and circumferential cracks perpendicular to the direction of
loading. The sulphidation attack was concentrated at the cracks in the coating. Swelling of
the coating as a result of internal sulphidation was evident. The nature of the corrosion

product, figure 3.98, indicated that it was in the molten state at the test temperature.

The coating close to the fracture was severely damaged (figure 3.99). The sulphidation
attack below the platinum rich outer layer causing the coating to “swell”, “blister” and spall
off. The NiAl and interdiffusion zones were more vulnerable to sulphidation. The
interdiffusion/substrate interface was most prone to sulphidation with the corrosion processes
proceeding most rapidly along this region causing the coating to spall off, hence exposing

the base metal (indicated regions in figure 3.99).
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Figure 3.99:  Longitudinal cross-section showing the morphology of cracks and corrosion
-fatigue damage of the TYPE II platinum aluminide coating after HTLCF
in Ar + 5% SO, (S.R. 0.38%)
a&b) Longitudinal cross-section

c&d) Transverse cross-section

The transverse cross-section of a TYPE II platinum aluminide coated sample shows regions
in which the coating was completely destroyed followed by sulphidation attack of the
substrate (figure 3.99). Closer examination of the coating (figure 3.99) revealed that there
was a number of fine cracks in the platinum rich outer layer. It was also evident that this
zone had grown in thickness producing a structure similar to that observed in the pure
platinum coated samples. The cracks generally propagated in the grey regions with the white
regions being more resistant to cracking. The NiAl middle zone again showed evidence of

being more resistant to crack initiation and propagation.
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B
C
Weight percent
Elements
A B C D

Ti 423 13.89 1.10 0.24
Cr 39.93 14.95 13.30 0.99
Co 1.43 1.28 3.24 12.15
Ni 9.54 4.12 13.11 68.96
Al 0.66 2.89 22.62 2.45
Zr 0.20 0.00 0.13 0.00
Hf 1.28 5.66 4.11 0.53
Ta 2.52 23.08 1.97 0.98
w 1.62 1.04 2.57 13.03
S 5.47 13.72 15.82 0.66
0] 33.12 19.37 22.04 0.00

Figure 3.100 : Chemical analysis of the corrosion product in the crack propagating in the
substrate of TYPE II platinum aluminide coated MAR-M002 after HTLCF
in Ar + 5%S0, (S.R. 0.38).



D
# F
C
G
Weight percent
Elements
A B C D E F G
Ti 0.28 0.39 0.008 0.007 0.35 0.84 0.02
Cr 49.86 5.05 0.48 0.19 0.84 4.14 1.26
Co 5.51 0.47 10.37 1.25 3.66 5.31 3.47
Ni 6.81 1.53 44.03 21.59 50.37 26.99 45.20
Al 0.74 38.89 0.10 9.56 11.45 8.28 8.88
Zr 0.00 0.36 0.60 0.00 0.00 0.00 0.00
Hf 0.21 0.00 0.45 0.51 0.56 2.07 0.00
Ta 0.38 0.29 0.33 0.10 0.00 3.67 0.84
W 2.70 0.74 0.31 1.03 1.16 27.82 0.20
Pt 1.37 1.11 1.34 65.68 31.60 11.53 3642
1.37 11.65 26.73 0.00 0.00 9.35 3.70
0 30.78 39.52 15.18 0.00 0.00 0.00 0.00

Figure 3.101 : Cross-section of TYPE II platinum aluminide coated MAR-MO002 after
HTLCEF in Ar + 5% SO, showing chemical composition of the crack in the
coating (S.R. 0.38%)

Crack propagation was transdendritic and branched (figure 3.100). v’ denuded regions along
the crack edge was evident. The corrosion product along the crack edge in the substrate
(figure 3.100) was made up of mainly Cr, Ni, Al, S and oxygen. Chromium was found to

be the major constituent in the centre of the crack (grey corrosion product). The sulphides
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were concentrated at the crack edge indicating that the more stable oxides formed initially
followed by sulphur being transported inwards and the formation of sulphur bearing phases
a the crack edge. The corrosion product was a mixture of the oxides and sulphides of various

alloying elements with the reactive elements Al, Cr, and Ni being most prominent.

Figure 3.101 revealed that the corrosion product in the crack in the coating was made up of
two distinct regions: the black region along the crack edge and the grey region in the centre
of the crack. The grey region was made up of mainly Cr and oxygen with relatively small
amounts of sulphur. The dark region was essentially a mixture of Al, oxygen and sulphur.
At the crack tip (figure 3.101), the corrosion product was made up of mainly Co, Ni, S and
oxygen with sulphur making up a significant proportion of the corrosion product. The
coating adjacent to the crack was depleted of aluminium and chromium. The platinum

aluminide (platinum rich white regions) phases were denuded along the crack edge.
3.4.2.5 2um Platinum Aluminide Coated MAR-M002

Sulphidation attack was evident on the fracture surface of 2um platinum aluminide coated
MAR-MO002, figure 3.102. The fracture surface consisted of the two regions typical of
corrosion fatigue in sulphidation environment, 1.e., the “coarse” region and “smooth” region.
The number of cycles to failure was 1821, which was approximately 3 times the test
performed on a similar sample and similar conditions at a strain range of 0.66%. However,
this result was significantly lower than that observed in similar tests performed on aluminide
and uncoated samples. The external surface close to the fracture showed severe damage to
the coating, i.e., cracking and even spalling of the coating in regions. Chemical analysis of
the corrosion product on the fracture revealed that it was made up of a mixture of oxides and
sulphides of the substrate alloying elements with Ni and Cr being the major constituents.
The corrosion product on the cracks on the external surface was made up of mainly
chromium and nickel oxides and sulphides. The “undamaged” coating between the cracks
showed less evidence of sulphidation with the EDS analysis indicating that it was made up

mainly of aluminium oxides.
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C
A
Weight percent
Elements
A B C D E
Ti 2.50 0.13 0.39 1.85 1.49
Cr 32.06 3.11 28.57 9.96 7.59
Co 6.09 0.39 11.72 6.38 8.23
Ni 19.57 13;89 21.21 42.69 52.41
Ta 1.71 0.00 0.00 3.35 5.84
Hf 0.71 0.04 0.47 2.37 3.47
W 0.39 0.61 3.18 6.81 8.06
Zr 0.35 0.00 0.00 0.03 0.12
Al 3.97 35.49 0.17 4.67 3.01
6.33 0.85 6.08 8.15 211
o) 25.96 30.83 28.21 13.73 7.67
Pt 0.35 14.64 0.00 0.00 0.00

Figure 3.102 : a)  Fracture surface of 2um platinum aluminide after HTLCF failure in
Ar +5% SO, (S.R. 0.38%)

b)  Profile of fracture surface showing cracking of the coating.



170

Figure 3.103 : Fractography showing cracking of the coating close to the fracture surface
in the 2um platinum aluminide coating after HTLCF in Ar + 5% SO, (S.R.
0.38%)

It was evident that the coating was very brittle and prone to cracking (figure 3.102).
Cracking of the coating occurred in two modes: one was circumferential cracks perpendicular
to the loading direction and the other was cracks at approximately 45° to the loading
direction. When the outer platinum rich layer was breached the sulphidation attack
proceeded in the NiAl layer resulting in “swelling” of the coating in these regions. This
process resulted in the lips of the cracks being forced outwards. Evidence of further cracking

and spalling of the coating as a result of this process was also present (figure 3.103).

Cross-sectional analysis (figure 3.104) showed severe damage to the coating. The NiAl and
Interdiffusion zones were prone to sulphidation attack. Sulphidation attack of this region
occurred more rapidly once the brittle platinum rich zone had failed, resulting in severe
internal sulphidation of the NiAl layer. This resulted in the swelling of the coating observed
on the external surface. Spalling of the coating was also evident due to the delamination of
the NiAl zone from the substrate. The corrosion processes were concentrated at the cracks
in the coating indicating that the mechanical failure of the coating played a key role in the

corrosion mechanism.
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Chemical analysis of the cross-section close to the fracture (figure 3.105) showed that the
corrosion products in the crack were made up of mainly oxygen, Ni, Cr and Al. It was
evident that the main constituent of the corrosion product was oxides. The corrosion product
in the “pores” in the coating was made up of essentially the sulphides of Ni and the NiAl
zone was severely depleted of aluminium. Again “leaching” of the aluminium was

instrumental in resulting in the “porous”nature of the coating.

Figure 3.104 : Metallography of 2pm platinum aluminide coated MAR-MO02 after
HTLCEF in Ar + 5% SO, (S.R. 0.38%)
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Weight percent
Elements A B B C C b E E

(pore) | (solid) | (pore) (solid) (corr.prod)| (solid)

Co 294 7.19 11.77 5.56 11.77 2.68 3.00 11.86
Ni 58.02 35.88 72.11 26.37 72.11 16.70 20.82 59.85
Ti 0.00 0.04 0.07 0.06 0.07 6.51 7.04 0.23
Cr 0.45 16.50 1.33 12.30 1.33 16.45 12.20 2.63
Zr 0.00 0.00 0.00 0.31 0.00 0.40 0.18 0.52
Hf 0.57 1.86 0.00 2.19 0.00 391 4.53 0.19
Ta 1.48 2.30 0.00 1.80 0.00 6.34 6.85 0.59
w 0.77 1.46 1.71 2.17 3.98 0.00 0.37 20.60
Al 8.65 4.83 7.83 8.72 4.86 12.95 10.98 1.70
1.22 26.76 11.32 3342 1.78 6.14 7.30 0.40

o) 0.00 2.99 1.31 5.85 0.22 27.47 26.72 1.30
Pt 2591 0.17 425 1.20 3.88 0.44 0.00 0.11

Figure 3.105 : Chemical analysis of the region close to the fracture surface showing

internal sulphidation of the 2um platinum aluminide coating (S.R. 0.38%)
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3.4.2.6 Platinum Coated MAR-M002

The fracture surface of platinum coated MAR-MO002 after HTLCEF, at a strain range of
0.38%, in SO, bearing atmosphere is shown in figure 3.106. The surface was covered with
dark corrosion product. The “smooth” region where crack propagation had occurred and the
“coarse” region were final failure had occurred were evident. The number of cycles to failure
was 3037. The “coarse” region where final failure had occurred was much smaller than that
observed in the test performed at the higher strain range. The number of cycles to failure was
about 11 times that observed at a strain range of 0.66%. However, the life of the platinum
coated sample was approximately % that of the aluminide coated sample and '/ that of the
uncoated sample. Chemical analysis of the fracture surface indicated that the corrosion
product was made up of Cr, Ni, S and oxygen. Oxygen was very prominent in the surface
analysis indicating a high presence of oxides in the corrosion product. The external surface
close to the fracture revealed a higher resistance to sulphidation attack with the oxygen and
sulphur contents being significantly lower than that observed on the fracture surface.
Aluminium played a more prominent role since the amount of aluminium detected was much

higher than that on the fracture surface.

AES analysis of the fracture surface (figure 3.107) indicated that the corrosion product was
made up of mainly Cr, Ni, Al, Ti, sulphur and oxygen. The amount of oxygen was present
in significant quantities, confirming the EDS analysis. There was some evidence of internal
sulphidation of the of the substrate as can be seen by the sulphur detected in the region just
below the fracture surface (figure 3.107). Close up examination of the fracture/coating

interface showed evidence of peeling of the coating (figure 3.108).

The external surface close to the fracture showed little evidence of cracking. The coating
was fairly resistant to sulphidation attack except in the regions immediately adjacent to the

fracture surface (figure 3.108).
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A

C

D

Weight percent
Elements
A B C D E Ext. Surface

O 23.58 25.03 .71 21.92 26.17 15.94
Al 2.48 1.16 2.14 6.42 0.75 32.88
Ni 33.30 28.89 29.50 39.26 28.50 40.45
Cr 17.29 18.56 | #8110 10.62 26.10 3.66
Co 6.32 4.26 4.86 6.16 5.86 0.93
w 3.70 2.18 491 2.73 0.00 0.00
Ta 2.16 5.18 : drod 0.88 1.31
Hf 1.51 3.38 2.05 1.96 0.69 0.00
Pt 0.00 0.00 0.51 0.00 2.77 1.51
Ti 1.38 2.96 1.94 i 0.18 0.48
Zr 0.00 L.25 0.00 0.00 0.56 0.00
Fe 0.08 0.05 0.04 0.13 0.10 0.11
S 8.20 8.11 9.08 710 7.44 2.73

Figure 3.106 : Fracture surface of platinum coated MAR-MO002 after HTLCF in Ar +
5%S0, (S.R. 0.38%)
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Figure 3.108: Fractography of platinum coated MAR-MO002 after HTLCF in Ar + 5%
SO, (S.R. 0.38%)

Cross-sectional examination revealed that the coating thickness had grown to approximately
46 um (figure 3.109). There was no evidence of severe cracking of the coating. The coating
had peeled away from the substrate at the coating/fracture interface. It was evident that the
v’ depleted zone was prone to sulphidation attack. The corrosion process proceeded more
rapidly in this region than in the coating itself. High magnification of the region where the
coating was peeling (figure 3.110) showed depletion of the “white phases” present in the
coating. The cracks in the coating (figure 3.109) were branched and tended to propagate in
the “grey” regions. There was also evidence of internal sulphidation (indicated in figure
3.109). Again, the evidence indicated that the grey region was more susceptible to

sulphidation attack.

The corrosion product in the region where peeling of the coating occurred was in general
composed of a mixture of oxides and sulphides of the alloying elements (figure 3.110a). The
major constituents were Cr, Ni, sulphur and oxygen, with small but significant amounts of
aluminium present. From the analysis of region A, figure 3.110a, it was evident that a large
proportion of the of the corrosion product was made up of sulphides. Analysis of the

corrosion product on the external surface (figure 3.110 pt.B) indicated that it was made up
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Figure 3.109 : Cross-section of platinum coated MAR-MO002 after HTLCF in Ar + 5%
SO, (S.R. 0.38%)

of essentially Cr and Ni oxides and sulphides with the oxides being more prominent. The
corrosion product inside the coating (figure 3.110 pt. C) was essentially composed of Ni, Hf,
Ta, sulphur and oxygen with smaller amounts of other alloying elements. The regions
adjacent to this point were depleted of the reactive elements Cr and Al. Corrosion product
in the y’ depleted zone contained significant amounts of the refractory elements W, Ta and

Ti and Ni, sulphur and oxygen.

Although the coating in general showed evidence of adequate sulphidation resistance, there
were regions in which internal sulphidation was evident (figure 3.111a&b). This resulted
in a “porous” type outer layer. The corrosion product in the “pores” was made up of the
sulphides of Cr and Ni essentially with no evidence of oxides. The region adjacent to these
“pores” was depleted of chromium. Figure 3.111b is a micrograph of a transverse cross-
section showing corrosion process proceeding in the y’ depleted zone and internal
sulphidation of the coating. The “pores” in the y’ depleted zone were filled with mainly Cr
and N1 sulphides with no oxygen being detected.
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Weight percent
Elements
A B C D E Fw Fg

w 2.02 0.00 0.00 16.34 16.56 1.96 4.14
Cr 19.32 30.33 5353 5.04 19.56 1.52 0.18
Co 4.29 1.75 3.11 1.36 5.68 2.34 7.38
Ni 24.64 17.02 23.03 13.07 42.00 28.08 42.00
Pt 0.00 0.40 2.76 0.00 0.00 53.87 40.40
Ta 3.14 1.95 8.31 14.80 5.593 3.67 2.74
Hf 3.36 2.86 12.67 b . 1.48 1.99 0.70
Zr 0.00 0.66 2,15 0.10 3.82 0.07 0.00
Ti 2.13 2.11 3.84 9.49 1.21 1.42 0.12
Al 7.38 1.42 5.85 2.23 3.60 3.22 1.20
S 14.75 10.07 8.72 8.10 0.56 1.84 1.13
O 18.97 31.43 24.03 28.31 0.00 0.00 0.00

Figure 3.110 : Cross-section of platinum coated MAR-MO0O02 after HTLCF in SO, showing
peeling of coating and EDS analyses (S.R. 0.38%)
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Weight percent Weight percent
Elements
e ore) | oty | g | B | C | D | ¢
Al | 000 | 220 | 3.64 Al | 354 | 350 | 096 | 0.46 | 1.93
cr 1998 | 1.85 | 5.03 cr | 16.06 | 2.80 | 0.85 | 28.38 | 7.04
Co | 552|545 305 Co | 352 | 287 085|475 [1071
Ni |22.20 3728 | 2455 Ni | 20.57 | 23.68 [13.51]19.92 [59.76
Pt | 15.69 | 49.08 | 59.11 Pt |18.28 |58.74 [65.15| 3.80 | 2.73
Ta | 1.03 | 039 | 1.43 Ta | 538 | 201 000|123 | 181
w | 110|100 | 0.73 w | 000 | 1.80 | 0.01 | 1.61 [12.00
HE | 097 | 0.00 | 071 Hf | 000 | 2.90 |18.49| 539 | 1.56
Zr | 669 | 0.00 | 0.00 zr | 000 | 0.00 | 0.00| 0.24 | 1.59
Ti | 028 | 032 | 1.06 Ti | 1.15 | 1.08 | 0.51 | 1.96 | 0.66
s |2754 233 | 069 s |2019 | 062 |0.06 |32.16 | 022
0 i i : o |[11.30 | 0.00 | 0.00 | 0.00 | 0.00

Figure 3.111 : Sulphidation of the external surface of the platinum coating after HTLCF

in SO, (S.R. 0.38)
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CHAPTER 4
4. DISCUSSION

4.1 Evaluation of the tested Materials Systems
4.1.1 Uncoated MAR-MO002

The general analysis of the uncoated alloy indicated that there were no special features and
the structure obtained was typical of that of a directionally solidified nickel-base superalloy.
Dendritic grains had grown in the direction of solidification with the dendritic arms growing

perpendicular to this direction.

The dendritic grain was made up of a high volume percent of cuboidal ¥y’ produced during
the aging heat treatment. The EDS analysis of the dendritic grain showed the typical y’
forming elements (Al Ti and Ta) and solid solution strengthening elements (Cr, Co, W). It
was evident that the carbide phases were concentrated in the interdendritic segregation zone.
The carbide particles were of two forms, namely, large particles and smaller blocky carbides.
The large carbide particles were made up of a mixture of Hf, Ta, W and Ti while the smaller
blocky carbides were essentially Hf. These smaller blocky carbides had precipitated as fine
random particles typical to that described in literature [19]. Another feature was that the y-y’

eutectic structure was also concentrated at the interdendritic zone.

From the X-ray diffraction analysis it was evident that the principal phase present was

Ni;(ALTi) y’ which conforms with the observations made in the microstructural analysis.
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4.1.2 Aluminide Coated MAR-MO002

The aluminide coating was produced by a packed cementation using the high temperature
low activity (HTLA) process. The microstructure obtained consisted of three zones, namely,
the coating layer, interdiffusion zone and base metal. In the HTLA process the aluminium
activity is low and nickel diffuses outward at a higher rate than aluminium diffusing inwards
and forms the NiAl coating zone. Due to the diffusion processes, there is always, to a certain
extent, substrate alloying elements present in the coating layer which was evident in the
chemical analysis of this layer. However, due to the low solubility of most alloying elements
in the NiAl structure these elements will precipitated out as carbides, metals or topologically
closed packed structures in the interdiffusion zone [82]. This was very evident in the EDS
analysis of the interdiffusion zone showing a relatively high concentration of carbide forming

elements W, Ti, Cr, and Ta and grain boundary strengthening elements Hf and Zr.

The coating layer was composed of essentially NiAl which was evident from the X-ray
diffraction analysis. The presence of aluminium and chromium oxides was evident due to

the enrichment of the coating layer with these elements.
4.1.3 TYPE I Platinum Aluminide Coated Mar-M002

The TYPE I platinum aluminide coating was produced by plating the sample with a 6-8um
layer of platinum followed by a HTLA aluminizing coating process and aging heat treatment.
The microstructure obtained was similar to that of the aluminide coating consisting of three
zones, namely, the coating layer, interdiffusion zone and base metal. Significant amounts
of pack particles were observed in the coating layer. These were composed of essentially
chromium rich particles and aluminium oxide (black particles). These particle were

embedded in the coating during the aluminizing process.

The coating layer displayed a “single” phase structure with evidence of platinum rich
particles being distributed randomly at the surface of the coating layer and platinum in
solution in the coating. From the chemical analysis of different regions in the coating it was

apparent that the platinum distribution in the coating was not consistent throughout the
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sample. There was evidence of relatively high platinum content in some areas while other
areas showed extremely small amounts of platinum. This phenomena could have occurred

due to the platinum coating not being consistent on all surfaces of the sample analysed.

The final structure obtained was not typical of platinum aluminide coatings produce using
the HTLA process, i.e., the presence of a PtAl, region on the outer region of the coating.
Another feature that was significant was that of platinum existing in significant quantities
in the interdiffusion zone. This had a important effect on the final morphology of the
interdiffusion zone. Refractory elements were excluded from this region since platinum has
the effect of reducing the diffusivity of these elements [106]. The absence refractory
elements in the interdiffusion zone resulted in a columnar type structure with the TCP and

carbides phases being virtually non-existent.

Although the typical coating structure was not obtained, Boone et a/ [108], did report
variations in the coating morphology due to variations in the coating process parameters.
The aluminium activity, which is difficult to control, plays a key role in the final
microstructure. The aluminium activity of the pack could have increased and this would
produce a “single” phase structure with platinum aluminide phases dispersed in it and
platinum dissolved in the NiAl. From the microstructure obtained and the chemical analysis

it was evident that the plating and aluminizing processes influenced the final microstructure

significantly.
4.1.4 TYPE II Platinum Aluminide Coated MAR-M002

TYPE 1II platinum aluminide coated MAR-M002 was produced by the same method as the
TYPE I platinum aluminide, however, the microstructure obtained was very different, with
the morphology obtained being similar to that presented in literature [108]. The coating
system consisted of a platinum rich outer region, a NiAl zone, interdiffusion zone and the
substrate. The platinum rich outer zone consisted of a single phase, PtAl,, layer and adj aéent
to this a two-phase region consisting of PtAl, and NiAl. The grey region in the platinum rich
zone was essentially NiAl with platinum and PtAl, dissolved in it. The NiAl zone consisted

of PtAl, and platinum *“dissolved” in it.
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The coating revealed a very low substrate alloy content. It was evident that platinum plays

an important role in inhibiting substrate element diffusion into the NiAl zone.

The platinum content decreased as one moved towards the interdiffusion zone and was
totally excluded from this region. This was in contrast to that observed in the TYPE I
platinum aluminide coating where there were significant quantities of platinum in the
interdiffusion zone. The interdiffusion zone revealed a composition and structure similar to

that observed in the unmodified aluminide coating.

It must be noted that the TYPE I and TYPE II platinum aluminide coated samples were
produced in different batches. This indicated that the difference in structures obtained was

as a result of a variation in the coating process parameters.

4.1.5 2pm Platinum Aluminide Coated MAR-M002

This coating was produced due to the limitations of the platinum electroplating bath. A
similar coating procedure was followed as for the TYPE I and TYPE II with the exception
that the initial platinum coating was 2um thick. The lower initial platinum coating thickness
produced a coating with a very similar morphology to that of the TYPE II platinum
aluminide, 1.e., with the platinum rich outer zone, NiAl layer, interdiffusion zone and
substrate. However, the platinum rich outer zone was not a continuous PtAl, layer but was
a two-phase region of NiAl with platinum aluminide phases “dissolved” in it. This showed
that the thickness of the initial platinum coating plays a significant role in the final phases
produced and the microstructure of the coating. The lower platinum content applied was not
sufficient to form a continuous PtAl, layer and the more stable phase under these conditions
became Pt,Al. The amount of platinum aluminide phases formed was significantly smaller
when compared to that formed in the TYPE II platinum aluminide coatings. The overall
thickness of the coating was also significantly thinner than the TYPE II platinum aluminide
and was very similar to that observed in the conventional aluminide coating. Again as in the
previous platinum aluminides discussed it was evident that platinum is very effective in
inhibiting the diffusion of refractory elements into the coating. The NiAl single phase region
contained platinum and platinum intermetallics of aluminium dissolved in it. There was also

evidence of Al,O, pack particles in the coating.
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4.1.6 Platinum Coated MAR-M002

From literature and experiments performed it was established that platinum improved the
high temperature corrosion properties of aluminide coated nickel-base superalloys. With this
in mind it was decided to investigate the HTLCF properties of platinum coated nickel base
superalloys without the aluminizing heat treatment. The samples were coated with a 4-6um
layer of platinum followed by a simulated aluminizing heat treatment and aging heat
treatment. This heat treatment was in effect very similar to the prealuminizing heat

treatments of platinum coated samples studied by Boone et a/ [115].

When the investigations of the platinum coated samples were undertaken it was done so
under the assumption that the inert nature of platinum would provide effective protection
against corrosion and also there would be sufficient ductility in the coating since platinum
was being used as a “pure” metal. However, the interdiffussion and interaction of platinum
with the substrate was not taken into account and became very evident in the microstructural
analysis of these coated samples. The interdiffusion between the substrate alloying elements
and platinum during the simulated heat treatment resulted in a coating thickness of
approximately 17um. SEM analysis of the coating revealed a “two” phase region consisting
of “white” particles dispersed in a “grey” matrix. The “grey” region was rich in alloying
elements and platinum, while the “white” regions were rich in nickel and platinum with a
higher aluminium and titanium content. The microstructure obtained was similar to that
observed by Boone et al [115]. It was also noted that platinum group metals had a high
reactivity with Group IVB-VIB elements (Ti, Zr, Hf, Ta or W) [115]. Hence, there will exist
selective interaction of platinum with substrate alloying elements. The outer region of the
coating consisted of significant amounts of substrate alloﬁng elements Al, Ti, Cr, Co, N,
Hf, Taand W. Below this region was a continuous layer of “white phase” rich in essentially
Pt and Ni with significant amounts of Al, Ti, Cr and Co dissolved in it. The Cr, and Co
content, however, was present in much smaller quantities than the “white” regions. This
indicated that the platinum-aluminium and platinum-titanium intermetallic phases were
concentrated in this region. The platinum intermetallics of Hf, Ta, W, Cr and Co were
concentrated on the outermost region. From the chemical analysis of the coating it was

postulated that platinum had diffused into the alloy at a higher rate than the alloying elements
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diffusing out since platinum was detected in significant quantities to a depth of

approximately 30pum.

The presence of platinum alters the microstructure of the substrate significantly, resulting in
the dissolution/coarsening of the cuboidal y’ phase. This could have occurred due to
platinum reacting selectively with titanium and aluminium and hence resulting in the
depletion of these elements in the y’ phase. Platinum enhances the diffusion of aluminium
and also has a high reactivity with Ti [115]. The presence of platinum hence increased the
diffusion coefficient of Al and Ti in y’ and this in turn will result in an increase in the
equilibrium molar concentration of aluminium in y. Ripening of y’ is dependent on the
diffusion coefficient of the y’ forming elements. If the diffusion coefficient of these
elements are accelerated the y’ coarsening/depletion is accelerated. It was evident that
platinum influenced the diffusion of aluminium and Ti which resulted in the y’ depleted
zone. Nickel and cobalt platinum intermetallics are unlikely to form due to the high

solubility of Ni and Co in platinum [174].

Another feature of the coating was the presence of porosity at the coating/substrate interface.
Boone et al [115] noted Kirkendall porosity in the platinum coated samples which were
exposed to prealuminizing heat treatments. This had occurred due to the preferential
diffusion of certain alloying elements in the coating. This could explain the porosity present
in the samples tested. The porosity could have also occurred due to contamination of the

sample surface before the platinum coating was applied.

4.2 Failure Mechanisms of the Tested Materials Systems Under the Combination

of HTLCF and Environment

Uncoated, aluminide coated, platinum aluminide coated and platinum coated MAR-M002
nickel-base super alloys were subjected to HTLCF in argon, air and Ar + 5%SO, at 870°C.
The general result at a strain range of 0.66% indicated that the presence of the coating
adversely effected the HTLCEF in air and argon atmospheres (figure 4.1). However, in the
sulphur containing environment the fatigue life was dependent on the coating system (figure

4.1). The aluminide and platinum coated alloys showed a decrease in fatigue life over the
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uncoated alloy while the platinum modified aluminides showed an improvement in the
fatigue life under the SO, environment. The margin of improvement was dependent on the
coating morphology and platinum distributien in the coating. It was found that the
mechanical properties of the coating was the factor that controlled the failure process in all
the coating systems tested. In order to understand how the platinum aluminide coatings
improved the life of the coated superalloys at high strain ranges it was necessary firstly to
understand the failure mechanism of the coatings. This was analysed using the results

obtained for the HTLCEF tests performed in argon atmosphere since there was no active
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Figure 4.1 : Summary of HTLCF results
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environment present. Any failure observed, was due purely to the mechanical failure of the
coating. From these tests it became evident that the coating systems displayed fairly brittle
mechanical properties and it was obvious that the strain range used was too large and resulted
in mechanical failure of the coating very early in the fatigue tests. In order to allow the
environment to play a more influential role in the failure mechanism HTLCF test were
performed in only Ar + 5%SO, atmosphere at a strain range of 0.38%. Accelerated failure
was observed in all the coating systems when compared to the uncoated alloy. Under these
loading conditions the platinum aluminides performed very poorly when compared the
aluminide coating. Although the platinum coating performed better than the platinum
aluminide coated samples, it showed less resistance to fatigue loading than the aluminide
coated material. Another factor that became very apparent from these tests was that the
platinum content in the “single phase” type platinum aluminides (i.e TYPE I platinum
aluminide) plays a significant role in the mechanical properties of the coating and hence the

corrosion fatigue properties. The higher the platinum content the more brittle the coating.

All the final failures under fatigue loading occurred at a relatively high tensile load. This
was independent of the coating system, environment and strain range being applied. This
phenomena can be explained by the loading method used. The mechanical test rig used did
not have the facility for strain control of the loading cycle, hence, in order to achieve this the
displacement of the actuator piston was used to achieve the desired strain ranges. A LVDT
was used to monitor the strain across the neck in order to ensure that the test was being
performed at the desired strain range. However, once the critical crack length had been
reached the strain across the neck of the sample began to increase rapidly and this could not
be accommodated by the control of the actuator piston and hence this resulted in the failure
of the samples at high tensile loads and not a gradual drop off in the tensile load. Since the
tests were consistent for all the samples tested, and this problem only became apparent a few
cycles before failure, the comparison of the results can be regarded as valid for the tests
performed. This was a comparative study of the different coating systems and the main aim
was to obtain the typical failure mechanisms of the coatings under the combination of SO,

containing environment and fatigue loading.
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4.2.1 Failure Mechanisms in Argon Atmosphere

The summary of the results obtained in inert argon atmosphere revealed that the uncoated
alloy performed the best and the conventional aluminide coated alloy the worst. All the
coating systems in general performed poorly in comparison with the uncoated alloy. Of the
coating systems investigated, the pure platinum coating produced the best low cycle fatigue

results.

The poor fatigue life of the coating systems could be ascribe to the unique mechanical
properties of each coating, i.e., the inherent brittleness of the intermetallic phases formed

during the coating process.

4.2.1.1 Failure of Uncoated MAR-M002

The HTLCF of uncoated MAR-MO002 in argon was due to pure mechanical loading. The
crack initiation had occurred preferentially at the interdendritic segregation zone due to the
inherent weakness of this region under high temperature cyclic loading. The crack
propagation was relatively straight and there was no evidence of crack tip blunting and/or
branching of the crack. The sharp crack tip was due to the “sharpening” of the crack tip
under compressive loading. In the absence of a reactive environment there was no corrosion
product to prevent closure of the crack under compressive loading. Crack tip blunting due
to environmental interaction ahead of the crack tip was also avoided. The presence of the

sharp crack tip was conducive to crack propagation and hence failure.

4.2.1.2 Failure of Aluminide Coated MAR-M002

The aluminide coated superalloy may be regarded as a composite with the coating having
very brittle properties and the substrate being fairly “ductile”. Under tensile loads the NiAl
coating fractured 1n a brittle fashion. It was evident that the failure of the coating had
occurred early in the fatigue test. The crack was straight and propagated perpendicular to the
direction of loading. The crack in the coating resulted in a high stress concentration point

at the coating substrate interface (figure 4.2). Initiation of fatigue cracks in the substrate had



189

occurred at the points where the coating had failed, and did not show any preference to
initiate at the interdendritic zones. The controlling factor in the HTLCF of the aluminide
coating was the failure/cracking of the aluminide coating. Failure of the coating accelerated
the initiation of fatigue cracks in the substrate and accelerated the failure of the material

system. Fatigue crack propagation in the substrate proceeded as in the uncoated alloy.
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Figure 4.2:  Brittle failure of aluminide coating due to mechanical
loading

4.2.1.3 Failure of TYPE I Platinum Aluminide Coated MAR-M002

Although the TYPE I platinum aluminide coating had a similar morphology to the aluminide
coated superalloy, the presence of platinum altered the mechanical properties of the coating
significantly. It was apparent that the presence of platinum in the NiAl structure slowed
down the crack propagation. An additional feature which also benefited the fatigue
properties of the coating was the presence of pack particles in the coating. These particles

had the effect of providing “barriers” to the crack propagation.

A schematic illustration of the failure mechanism for the TYPE I platinum aluminide coating
1s presented in figure 4.3. Brittle fatigue cracks were initiated on the surface. These cracks

did not propagate at a high rate through the NiAl zone due to “obstructions” encountered in
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Figure 4.3 : Cracking of TYPE I platinum aluminide coated samples
after HTLCF in argon

the NiAl crystal structure. This was deduced from the *“jagged” path followed by the crack
in the coating. When the propagating crack encountered particles in the coating the direction
of the propagating crack direction changed due to the obstruction created by these particles.
This had the effect of further slowing down the-crack propagation through the coating. The
crack formation around the circumference of the fatigue sample was also hindered by the
presence of pack particles which resulted in the random discontinuous cracking observed on

the external surface of the sample.

The increase in HTLCF life in argon atmosphere over the aluminide coating was due to the
slower crack propagation of the fatigue crack through the coating. Once the crack had
penetrated the coating, crack initiation sites at the coating/substrate interface was created.
Crack initiation and propagation then proceeded in the substrate. Again as in the aluminide
coating the fatigue life of the material system was controlled by the failure of the coating.
Although the TYPE I platinum aluminide coating showed a higher resistance to fatigue crack
propagation, the brittle nature of NiAl resulted in the lower life compared to the uncoated

alloy.



191

4.2.1.4 Failure of TYPE II Platinum Aluminide Coated MAR-M002

The TYPE II platinum aluminide coated samples again showed an increase in HTLCF life
over the conventional aluminides in the argon atmosphere. However, this coating also
displayed a brittle nature with a network of cracks being observed on the external surface of
the fatigue sample. This was due mainly to the presence of a continuous layer of brittle PtAl,
on the external region of the coating. Fatigue cracks were initiated in the PtAl, on the

surface of the coating.

Although this surface was very brittle, the NiAl layer beneath the PtAl, proved to be more
resistant to crack propagation. The failure of the coating could be likened to laminated glass.
The external brittle PtAl, layer fractured similar to glass but was held together by the NiAl
layer which was more ductile and resistant to crack initiation and propagaﬁon (figure 4.4).
The mechanical properties of the NiAl zone was altered by the presence of platinum which
was probably in solid solution in the crystal structure and there may have been some PtAl,
dispersed in this region. The platinum content in the NiAl zone played an important role in
the mechanical properties of this region. The NiAl region immediately adjacent to the
platinum rich outer layer was more susceptible to cracking than the low platinum content

region.
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Figure 4.4 : Cracking of the TYPE II platinum aluminide coating after HTLCF in argon
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The nature of the crack propagation indicated that there was a “crack blocking mechanism”
present in the NiAl zone in the form of either discrete particles of PtAl, or platinum altering
the NiAl crystal structure such that it changed the deformation process ahead of the crack tip.
This resulted in the crack having to change its path and in doing so slowed the crack
propagation. The crack “blocking” behaviour of the NiAl region resulted in the branching

of the crack in certain areas.

Another feature that must be noted was the cracking of the NiAl layer just below the PtAl,
region, parallel to the interdiffusion zone. This cracking had the effect of delaminating the
PtAl, outer region, which was observed on the external surface as well as in the transverse

cross-section.

The “45° cracks” observed in the fractography analysis was produced by the mechanism
illustrated in figure 4.5. Once the propagating fatigue crack had penetrated the substrate to
a sufficient depth, the tensile load did not act uniaxially on the material supporting the load.
This resulted in a bending stress in the material under the tensile half of the fatigue cycle.
The combination of tensile load and bending load resulted in the “45° cracking” of the brittle

PtAL,.

As in the TYPE I platinum aluminide coating the factor that was most influential on the

pagating Crack

Bending Moment
Created by Eccentric
Loading

k Neck of Fatigue Specimen )‘

Figure 4.5: Mechanism that may have produced the cracks in the coating at an angle of
45°
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As in the TYPE I platinum aluminide coating the factor that was most influential on the
failure mechanism was the modification of the NiAl region with platinum. This resulted in
a crack “blocking” mechanism which slowed down the crack propagation and enhanced the

overall fatigue life of the coating system under the inert argon environment.

Although this coating showed an improvement over the conventional aluminide and the
TYPE 1 platinum aluminide it resulted in an accelerated failure when compared to the
uncoated material. This was due mainly to the brittle nature of the coating which created
fatigue crack initiation sites in the substrate. The crack propagation in the substrate

proceeded as observed in the uncoated alloy.

4.2.1.5 Failure of Platinum Coated MAR-M002

The platinum coating produced the highest HTLCF life of the coating systems tested in
argon. The cracking of the coating was not as severe as that observed in the aluminide
coated samples. The platinum did, however, modify the surface of the fatigue sample
resulting in embrittlement of the surface. In these samples, the formation of intermetallic
phases with the substrate alloying elements caused embrittlement of the surface. Another
feature was the continuing change in the surface properties due to the interdiffusion of
platinum and alloying elements. The coating thickness had grown from 17pum in the as
received condition to approximately 45um after the HTLCF test in argon. As the high
temperature exposure period increased the “white ” regions became smaller discrete particles
and the “grey” regions became more prominent. It was in this region that the intermetallics
of the substrate alloying elements was concentrated, hence accounting for the brittleness of

this region.

Cracks were initiated in the “grey” region due to its brittle nature. The fatigue crack also
tended to propagate through this region (figure 4.6a). The platinum rich “white” regions
acted as crack “stoppers”, forcing the crack to propagate around these particles. This slowed
down the crack propagation through the coating. In general, it was found that the crack
initiation in the substrate had occurred in the interdendritic segregation zone, which was a

similar behaviour to the uncoated alloy.
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Another feature in the coating which probably contributed to its poor performance was the
presence of porosity at the substrate/coating interface. This was most probably Kirkendall
porosity which resulted from the preferential diffusion of certain alloying elements outwards.
The porosity was most prominent in the regions where the fatigue cracks had been arrested

at the dendritic grains.

T

Substrate Y’ Coating Crack tip blunting
denude layer
zone
a b

Figure 4.6 : a) Crack propagation through platinum coating after HTLCF in argon
b) Crack tip blunting due to porosity

From the characterization of the sample it was evident that the Kirkendall porosity is an
inherent property of the coating, hence, this is going to be present even without fatigue
loading. The extent of the porosity will be dependent on the exposure time of the specimen.
Once the propagating fatigue crack “broke” into the porous region, the crack tip was blunted
reducing the stress concentration at the crack tip (figure 4.6b). This resulted in the crack
being arrested and the crack had to be “reinitiated” in order for propagation to proceed.

Coalescence of these pores resulted in delamination of the coating.

From the HTLCF tests performed in argon it can be seen that the platinum coated sample
formed the bridge between the aluminide and modified aluminides, and the uncoated
samples. Platinum modified the material surface such that it retained a degree of ductility
but was sufficiently brittle to initiate fatigue cracks earlier than that observed in the uncoated

sample.
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The failure of the sample was controlled by the initiation and propagation of the fatigue crack
in the coating layer. However, in this case the interaction of the platinum with the substrate
was very evident in the growth of the coating thickness. Another factor that must have
contributed to the lower fatigue life when compared to the uncoated alloy was the dissolution
of the y’ phase at the coating substrate interface. It was evident from these tests that the
platinum did not serve the purpose it was supposed to; that was to provide a relatively

“ductile” corrosion resistant layer.

4.2.2 Failure Mechanisms in Air Atmosphere

Due to the limited number of samples available HTLCF tests were only performed on the
TYPE I platinum aluminide, platinum and aluminide coated samples, and the uncoated
sample. From these results it was evident that the uncoated alloy performed the best and the

aluminide coated sample the worst.

4.2.2.1 Failure of Uncoated MAR-M002

The uncoated alloy displayed a higher life under air environment compared to the argon
atmosphere. It was apparent that the uncoated alloy was susceptible to oxidation. There was
evidence of oxidation on the fracture surface and at the propagating crack tip. The corrosion
product on the fracture surface was a mixture of oxides of the alloying elements of the

substrate with nickel and oxygen being the most prominent.

The oxidation behaviour was believed to be of a similar mechanism to that described in
literature [30] with a mixture of oxides forming initially until the more stable oxides, Cr,0,
and Al,O, (figure 4.7) start to become more prominent. However, since the amount of
aluminium and chromium was relatively small, it was not possible to maintain a continuous

layer of these oxides, hence, making the alloy more susceptible to oxidation.

The crack initiation had occurred preferentially at the interdendritic zones on the external
surface. The crack propagation was a mixed trans/interdendritic mode and branching and
crack tip blunting was observed. This had occurred due to the synergistic effect of oxidation

at the crack tip and mechanical loading. It was evident that nickel oxides were the prominent
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Figure 4.7 : Standard Gibbs free energy of formation of selected oxides as a function of
temperature [176]

phase at the crack tip due to the high nickel content in the alloy. From the Gibbs Free energy
curves for the formation of metal oxides (figure 4.7) it was obvious that the aluminium and
chromium oxides were much more stable than nickel oxides, hence, even though these
elements are present in relatively small quantities, they will be selectively oxidized. Internal
oxidation of the crack tip resulted in embrittlement of this region [66]. Under the
compressive cycles, cracking of the oxide created sites for branching to occur. The ¥’
depleted region adjacent to the crack edge resulted from the selective oxidation of
aluminium. The failure mode, i.e, blunting of the crack tip and branching, has been reported

in literature [66] and accounted for the increase in fatigue life over those performed in argon

atmosphere.
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4.2.2.2 Failure of aluminide coated MAR-M002

From literature and high temperature exposure tests performed in air it was evident that
aluminide coatings were resistant to oxidation. The accelerated failure observed in air

compared to the uncoated alloy was due mainly to the mechanical failure of the coating.

Once the coating fractured the air environment was transported to the crack tip in the coating
where oxidation of the substrate proceeded (figure 4.8). Similar results were observed by
Czech et al [171] where the creep rupture life was influenced by the cracking of the chrome-
aluminide coating. The corrosion protection function of the coating was effectively bypassed
due to the cracking of the coating. The cracks in the coating had the additional effect of
creating stress concentration points at the coating/substrate interface which, combined with
the materials susceptibility to oxidation accelerated the initiation of fatigue cracks in the
substrate. The crack propagation in the substrate was of a similar mechanism to that
observed in the uncoated alloy. The edge of the cracks in the coating showed no evidence
of corrosion which was probably due to the formation of a stable Al,O; early in the oxidation
process. This indicated that the aluminide coating was not suitable under conditions of high
stress due to its brittle nature. This type of coating will perform most effectively under

conditions of much lower mechanical stresses.
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Figure 4.8 : HTLCEF failure of the aluminide coated MAR-MO002 in air
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4.2.2.3 Failure of TYPE I Platinum aluminide coated MAR-M002

The failure of TYPE I platinum aluminide coated MAR-MO002 in air atmosphere was again
controlled by the failure of the coating due to mechanical loading. It was evident that the
coating layer was significantly more resistant to oxidation than the substrate with no
evidence of oxidation along the crack in the coating. The crack in the substrate did show

evidence that the substrate had a higher susceptibility to oxidation.

The failure mechanism of the coating was the same as that described in the HTLCF failure
in argon. Although the coating offers effective protection against oxidation, the brittleness
of the coating lowers the overall life of the coated alloy. The improvement in fatigue life
over the aluminide coating was mainly due to the improved mechanical properties of the
coating. Again, once the crack had propagated through the coating, stress concentration
points were created at the coating/substrate interface. This combined with the environment

resulted in the crack initiation in the substrate.
4.2.2.4 Failure of Platinum Coated MAR-M002

The HTLCEF life of the platinum coated sample in air atmosphere was lower than that
observed in the argon atmosphere. In the HTLCF tests in argon atmosphere, it was
established that the modification of the material surface with platinum resulted in the
formation of brittle phases which assisted in the crack initiation and propagation. It was
evident that the surface oxidation properties were also influenced by the presence of
platinum. The relative brittleness of the coating surface facilitated the initiation of cracks but

did not provide additional oxidation resistance.

Oxidation occurring at the crack tip altered the crack propagation mode through the coating
with the results indicating a “straighter” crack through the coating. Although the white
particles did show some resistance to crack propagation, they were not as effective as that
observed in the argon atmosphere. The oxidation process occurring at the propagating crack
tip depleted this region of the reactive elements (aluminium) resulting in the alteration of the
chemical structure which in turn resulted in the change in the mechanical properties (figure

4.9). This resulted in the crack propagation in the coating being relatively straight. The y’
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Figure 4.9 : Mechanism of fatigue crack propagation in the platinum coating in air
atmosphere

depleted zone was shown to be the region most susceptible to corrosion; probably due to the

reduced aluminium content in this region.

Once the fatigue crack had propagated through the coating the crack propagation in the
substrate was the same as that observed in the uncoated sample. Crack initiation and
propagation occurred preferentially in the interdendritic zone, proving this region to be most

susceptible to HTLCF. The crack propagation mode in the substrate was trans-interdendritic.

The absence of porosity in this particular sample could have also played a significant role in
decreasing the fatigue life when compared to the argon environment. It was noted that the
porosity had a blunting effect on the fatigue crack tip, thereby slowing down the initiation
of the fatigue crack in the substrate. In this sample there were no evidence of porosity, hence
the crack blunting effect was absent. This allowed for the crack to propagate relatively

unhindered into the substrate.

The general oxidation behaviour of the platinum modified surface indicated that although it
was more susceptible to oxidation than the aluminide and modified aluminide coatings, it
was more resistant than the substrate. However, the reduction in fatigue life over the
uncoated sample was mainly due to the detrimental effect on the mechanical properties of

the surface.
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4.2.3 Failure Mechanisms in Ar +5%S0,

The strain range selected for the HTLCF tests was 0.66% for all the environments tested.
However, due to the aggressive nature of the sulphidation attack, the HTLCF was accelerated
with a severe reduction in the fatigue life with the exception of the TYPE I platinum
aluminide. The premature failure of the coated samples was attributed to the mechanical
failure of the coating combined with the severe sulphidation attack. The mechanical failure
of the coatings did not give a true reflection of the coatings sulphidation properties. It was
hence decided to run a series of HTLCF tests in the SO, containing environment at a lower
strain range of 0.38% in order to establish a more accurate representation of the sulphidation

properties of the coating.

Failure in Ar + 5%S0O, was composed of an incubation period followed by crack initiation
and propagation. The incubation period was the initial sulphidation attack prior to crack
initiation in the substrate (this included the crack initiation and propagation through the
coating). Crack initiation was considered as when the fatigue crack was initiated in the
substrate. From the results obtained, it was established that the incubation period controlled
the fatigue life of the materials system. This was controlled by the combination of

sulphidation and fatigue failure of the coating.
4.2.3.1 Failure of Uncoated MAR-M002

An accelerated failure was observed in the SO, containing environment. The substrate was
susceptible to the sulphidation attack with severe sulphidation of the external surface close
to the fracture and fracture surface being observed. It was apparent from the chemical
analysis that the corrosion product was made up of oxides and sulphides due to the SO,
breakdown via the following reaction:

SO, - S + 0,

The HTLCF in Ar + ;%S0O, consisted of the incubation period, crack initiation and crack
propagation stages. During the incubation period severe sulphidation of the external surface

occurred resulting in a “layered” structure (figure 4.10) with each layer having distinctive
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chemical properties. The mechanism of the corrosion process was as follows (Refer to figure
4.10):

The initial sulphidation attack resulted in the formation of a scale consisting of mainly Ni
and Cr oxides and sulphides. The alloy below this corrosion scale became depleted of these
elements (figure 4.10a). The diffusion of oxygen and sulphur through the scale resulted in
the oxidation of this region. The oxidation mechanism will be the same as that observed in
the case of alloys. Initially a mixture of oxides of the alloying elements will form followed
by formation of the more stable oxide phases at the substrate-corrosion scale interface. This
resulted in the “continuous” Al,O, below a layer rich in Ti and Ta oxides (figure 4.10b). It

must be noted that although the oxidation reaction was predominant, there was a significant
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amount of sulphides also present due to the oxygen partial pressure not being sufficiently
high for the formation of a protective oxide scale. The morphology of the corrosion scale
was very similar to that presented for alloy CMSX-4 tested in air at 100°C for 1000 hours
[151], hence, it was observed that the sulphidation mechanism was very similar to that of

oxidation.

The Ni and Cr content was higher at the external region of the scale due to the tendency for
the ions of these elements to diffuse outwards to the environment/scale interface. Sulphur
and oxygen diffused into the scale in significant quantities. This resulted in the oxygen
reacting with the sulphides present in the corrosion product which released the sulphur [175].
The sulphur released during this oxidation reaction, combined with that diffusing into the
scale at the environment/scale interface, diffuses through the scale to the scale/substrate
interface. The oxygen was consumed in the corrosion scale, hence, the corrosion product at
the scale substrate interface consisted of only sulphides. The formation of low melting point
nickel sulphides was due mainly to the depletion of the reactive elements Cr and Al from the
substrate due to oxidation. This resulted in the “porous” region below the scale, and the y’
depleted zone. The sulphidation attack had the effect of reducing the effective cross-
sectional area and creating stress concentration points on the surface which resulted in the
accelerated crack initiation in the sample. Once the crack was initiated, it was evident that
crack propagation was controlled by the sulphidation attack at the crack tip. The EDS
analysis of the corrosion product at the crack tip indicated that the sulphide content at the
crack tip was made up essentially of Ni and Cr and there was no evidence of oxides. The
presence of low melting point Ni sulphides at the crack tip resulted in catastrophic
sulphidation in the region which accelerated the crack propagation. The preferential
sulphidation of the stable elements Al and Cr, depleted the alloy of these elements ahead of
the crack. Since sulphur was present in sufficiently high quantities Ni sulphides were formed
which enhanced the sulphidation attack. Under the combination of HTLCF and SO,
environment, the diffusion of sulphur through the oxide scale was enhanced due to defects

created in the corrosion scale. This allowed for the accelerated attack of the substrate.

From the HTLCF tests performed at a SR of 0.38% it was evident, from the corrosion scale
morphology, that the sulphidation mechanism was the same. Due to the lower stress applied,
the fatigue life was significantly increased. The corrosion scale produced was significantly

thicker due to the longer exposure. There was evidence of the corrosion scale spalling off
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in regions which was due to the combination of compressive stress build-up in scale and the
mechanical loading of the sample. The mechanical loading again played a significant role
in the transport of sulphur through the corrosion scale by creating defects in the oxide scale.
The much increased life in the specimen was mainly due to the lower stress applied and
hence, the increased time to crack initiation and the decrease in crack propagation rate. The

sulphidation attack at the crack tip again controlled the fatigue crack propagation rate.
4.2.3.2 Failure of Aluminide Coated MAR-M002

HTLCEF of aluminide coated MAR-MO002 in the Ar + 5% SO, showed a severe reduction in
fatigue life at the strain range of 0.66%. The number of cycles to failure was observed to be
approximately 3 times that observed for similar tests performed [17]. This was mainly
attributed to a change in the experimental apparatus which enabled more accurate control of
the test environment. The mechanical properties of the coating played a significant role in
the final failure of the fatigue sample. The cracking of the coating due to the high stresses
resulted in the incubation period being effectively omitted. The cracking of the coating
initiated the fatigue crack in the substrate. From this evidence it became abparent that the
most significant aspect of the fatigue failure that was influenced by the sulphidation
environment, was the crack propagation in the substrate. It has shown that the incubation
period before the crack initiation in the subsﬁate was the controlling factor in HTLCF in

the SO, bearing atmosphere.

There were additional cracks observed in the coating which had not propagated into the
substrate. These had occurred due to brittle failure of the coating but there was insufficient
time for them to propagate into the substrate due to high propagation rate of the initial fatigue
crack. Sulphidation attack in cracks present in the coating occurred by the following

mechanism (figure 4.11):

SO, filled the crack once the coating had fractured and stagnation of gas occurred (figure
4.11a). The corrosion process that occurred was similar to that observed in the uncoated
alloy (figure 4.11b). In this case, however, a mixture of Al and Ni oxides and sulphides fill
the crack with aluminium oxide being more prominent. The sulphide phases again tended

to form closer to the corrosion scale/coating interface indicating that oxides formed first and
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sulphur was transported via the corrosion product towards this region. Transport of sulphur
in the oxide layer was influenced by the mechanical loading which was evident in results.
The diffusion path for the metal ions and gas ions was much smaller at the surface, hence

resulting in higher corrosion rate at the external surface of the coating,.

Another feature that was evident, was that the interdiffusion zone showed a higher
susceptibility to sulphidation attack; probably due to the high refractory element content in
this region. From literature, it was reported that refractory elements had a detrimental

influence on the sulphidation resistance of Ni based superalloys [157].

The cracks were filled with oxides which should have “stopped” or slowed down the
sulphidation attack of the substrate, however, due to the mechanical loading, cracking of the
oxides occurred under the compressive loading cycle which provided a path for the SO, gas
to be transported to the crack tip. The following failure mechanism for the failure of the Al

coating under high strain conditions is proposed (figure 4.12):



205

Cracking of
Corrosion
Product

[ Oxideg+

Sulphides.

. ! T
NiAl Inter- Substrate

Initiation of crack

Zone diffusion Stress in substrate
Zone concentration

+ sulphidation

Figure 4.12 : Mechanism that resulted in the crack initiation in an aluminide coated MAR-
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the failure of the coating occurs via mechanical loading. The crack was filled with corrosion
product (mainly oxides). Cracking of the corrosion product occurred during the compressive
loads. This allowed gas to be transported to the crack tip during tensile loading. Sulphides
in the corrosion scale were oxidized, releasing sulphur which was transported to crack tip.
The interdiffusion zone which has a higher susceptibility to sulphidation allows sulphidation
to proceed parallel to the substrate. The high stress concentration at the crack tip combined

with the sulphidation attack initiated the fatigue crack in the substrate (figure 4.12)

The “porous” nature of the coating at the coating/fracture surface interface occurred by the
“fluxing” process illustrated in fig. 4.13. The opening and closing of the crack under the
cyclic loading resulted in spalling of the oxide scale from the fracture surface. Hence, the
protective oxide scale was “eroded” away continuously. This resulted in the aluminium
being depleted from the coatmg by the repeated sulphidation attack since aluminium was
most reactive. This allowed for the diffusion of sulphur into the coating and the formation

of the less stable, low melting point Ni sulphides.

Aluminide coated MAR-M002 exposed to HTLCF and SO, bearing atmosphere at a SR of
0.38% showed a much improved fatigue life. The failure mechanism of the material system
was very different from that observed at the higher strain range, since the corrosion

behaviour of the coating played a much more significant role in the corrosion-fatigue failure.
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The inherent brittleness of the NiAl layer does initiate cracking in the coating but these

cracks require a relatively high number of cycles for them to propagate to the substrate.

The sulphidation of the coating resulted in severe internal sulphidation and eventually
“blistering” of the coating. It was very evident again that the mechanical failure of the
coating was the critical step in the failure mechanism since the undamaged region of the
coating did show that the coating offered significant resistance to sulphidation attack. The
failure mechanism can be considered in the following context: incubation, crack initiation
in the substrate and crack propagation in the substrate. The most significant of these stages

was the incubation period.

The proposed blistering mechanism which occurred during the incubation period was as
follows (fig. 4.14):
When fatigues cracks were initiated in the coating they became filled with the oxides and

sulphides of Al and Ni. This effectively protected the propagating crack tip in the coating.
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Figure 4.14 : Blistering mechanism that occurred during the HTLCF of aluminide coating
MAR-MO002 in Ar + 5%S0O, at a strain range of 0.38 %

However, due to mechanical loading, the corrosion scale was cracked allowing the
environment to penetrate the scale. This resulted in a “fluxing” mechanism. Every time a
crack was created in the oxide “fresh” SO, was supplied into the crack creating a
concentration gradient which allowed for the diffusion of alloying elements and the reagent,
in this case sulphur and oxygen. This continual fluxing mechanism resulted in the depletion
of aluminium in the region adjacent to the crack and resulted in internal sulphidation. The
presence of low melting point nickel sulphides in the coating accelerated the sulphidation
attack in this region which resulted in the “swelling” of the coating. The sulphidation
processes proceeded more rapidly along the interdiffusion zone resulting in a relatively broad
corrosion “front”. This combined with the internal sulphidation resulted in the blistering of

the coating. Crack initiation was accelerated when compared with the uncoated alloy due
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to the crack in the coating creating a stress concentration point and concentration of the
sulphidation attack to a small area. The stress concentration, however, was significantly
lower than that observed in the tests perforr_ned at a strain range of 0.66% due to the
broadening of the crack as a result of the sulphidation attack. Crack propagation in the
substrate was similar to that observed in the uncoated alloy and was controlled by the

sulphidation attack ahead of the crack tip.

From these results it was very apparent that the mechanical loading played a vital role in
enhancing the sulphidation attack of the coating. Although a lower strain range was used,
the brittle nature of NiAl resulted in the lower HTLCEF life of the aluminide coating when
compared to the uncoated alloy tested under similar conditions. However, the aluminide
coating did show evidence of providing a higher resistance to sulphidation than the uncoated

alloy.
4.2.3.3 Failure of TYPE I Platinum Aluminide Coated MAR-M002

The failure of TYPE I platinum aluminide coated MAR-MO002 in Ar + 5% SO, environment
produced similar lives for both the 0.66% and 0.38% strain ranges. Under the 0.66% strain
range this coating showed a significant improvement over all the material systems tested,

however, under the lower strain range it performed the worst.

This behaviour could be accounted for by one of the following two reasons:

1. There could have been contamination of the environment with air when the test was
performed under the 0.66% strain range loading or

2. The platinum content in the coating was found to vary significantly in the samples
tested even though the coating process was the same. The higher platinum content
had the effect of embrittling the coating and making it prone to cracking under the
mechanical loading. It was evident that in the sample tested at the strain range of
0.66%, the platinum content in the coating was significantly lower (a maximum of
10.28wt% was detected in the coating using EDS) than that observed in the sample
tested at 0.38% S.R (a maximum of 23.00wt% was detected using EDS).

The latter was the most probable reason for the higher life experienced in the sample tested

at the strain range of 0.66%.
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The coating evidently displayed a “self healing” mechanism even though there was evidence
of fatigue cracks in the coating. Due to the improvement in the mechanical properties,
cracking of the coating did not occur immediately. General sulbhidation of the coating
surface covered the external surface with an oxide rich continuous corrosion scale (figure
4.15). Hence, when cracks did initiate in the coating they were protected from the
environment. The sulphidation mechanism was the same as described previously with

oxidation occurring first and sulphidation occurring at the corrosion scale/coating interface.

The corrosion scale remained “protective” as long as it was “undamaged”. Once the oxide
scale was cracked, sulphidation of the coating was concentrated in these regions. As long
as the cracks in the coating were protected, the propagation mechanism in the coating was

similar to that observed in the argon atmosphere. Once the oxide layer was breached
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Figure 4.15: Self-healing mechanism of TYPE I platinum aluminide coated MAR-MO002
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sulphidation at the crack tip controlled the crack propagation in the coating. Crack initiation
in the substrate occurred at stress concentration points where the crack had penetrated the
coating. Again crack propagation in the substrate was as that observed in the uncoated alloy.
From this result, it was concluded that the increase in the incubation period (i.e time to crack
initiation in the substrate) was the reason for the improved corrosion fatigue life in Ar +

5%S0, at the higher strain range.

The unstressed TYPE I platinum aluminide coated sample exposed to SO, bearing
atmosphere at 870°C showed no evidence of severe sulphidation attack and also the XRD
analysis of this sample showed little variation from the as received results. This indicated
that in the unstressed condition the corrosion scale provided adequate protection against

sulphidation.

HTLCEF failure of TYPE I platinum aluminide coated MAR-MO002 at a SR of 0.38% in SO,
containing environment showed a very different failure mechanism when compared to that
observed in the tests performed at 0.66% SR. It was obvious that the initial brittle failure of
the coating had occurred in a relatively low number of cycles and the crack propagation
through the coating was very rapid hence penetrating the coating fairly briskly. It was
evident that the platinum content in the coating (max. of 23.00wt%) was relatively high
when compared to the sample tested at 0.66% SR (max. of 10.28wt%). This probably
resulted in the formation of a higher concentration of brittle platinum rich phases in the

coating layer which effectively embrittled the coating.

The other feature which also was very different from the 0.66% SR test was the absence of
the corrosion scale. This indiéated that the coating was significantly more resistant to
sulphidation attack, forming an adherent corrosion resistant oxide layer which effectively
blocked the onset of sulphidation on the external surface. However, once the coating had
cracked, SO, was concentrated in the regions where the coating had failed preventing the

formation of a protective scale.

The following mechanism describes the corrosion process within the crack in the coating:
Once the coating was cracked, SO, stagnated in the crack and the ensuing corrosion process

filled the crack with oxides and sulphides (figure 4.16 a). The oxides layer failed due to the
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mechanical loading creating the “fluxing” effect described for the aluminide coating (figure
4.16c). This process depletes the coating of reactive elements and enhances the internal
sulphidation of the coating due to sulphur being transported to the corrosion scale/coating
interface (figure 4.16). The internal sulphidation of the coating resulted in the formation of
low melting point nickel sulphides, hence, causing “swelling” of the coating. The
interdiffusion zone again was most susceptible to sulphidation resulting in a wide corrosion
“front” proceeding into the substrate, beneath the coating. The build up of corrosion product
in the substrate and interdiffusion zone contributed to forcing the coating outwards. It was
apparent that the platinum content in the TYPE I platinum aluminide was critical to its
mechanical and corrosion properties. The higher the platinum content the more brittle the
coating and failure occurred relatively rapidly, even under low strain ranges. The higher
platinum content also improved the sulphidation resistance of the coating but the detrimental
effect on the mechanical properties resulted in an overall reduction of the HTLCF in Ar +

5% SO, when compared to the aluminide coating tested at the 0.38% strain range.
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4.2.3.4 Failure of TYPE Il Platinum Aluminide and 2umPlatinum Aluminide Coated
MAR-M002

The TYPE II and 2pm platinum aluminide coatings produced very similar lives for the
HTLCEF failure in Ar +5% SO,. It was significant that the 2pm platinum aluminide coating
showed a higher HTLCF life in both the strain ranges tested producing an average increase
in HTLCF life of approximately 10% (i.e. 11% for the 0.66% SR and 9% for the 0.38% SR).
The failure mechanism in both the coatings was similar due to the similar coating

morphologies.

At this point it is important to note the distribution of platinum in the NiAl layer of the
coatings. The platinum content was significantly lower in the NiAl zone than that observed
in the outer region of these coatings and also lower than that observed in the TYPE I
platinum aluminide coating. It was noted from the tests in Ar that platinum present in
relatively small amounts in NiAl improves its mechanical properties significantly. Once the
platinum intermetallics of Al form due to the low solid solubility of Pt in NiAl embrittlement
of the coating occurs. This feature, which became more apparent at the lower strain range,

had a significant influence on HTLCF in the sulphidation environment.

The mechanism via which these coatings failed under HTLCF loading in Ar + 5%S0O, was
as follows (figure 4.17): |

The brittle platinum aluminide phase on the external surface failed under mechanical loading.
This allowed the SO, gas to stagnate in the cracks. The thermodynamics of the corrosion
reaction ensured the formation of oxides and small amounts of sulphides. The corrosion
product filling these cracks provided some protection, however, the mechanical loading

resulted in the cracking of the corrosion product.

The corrosion mechanism resulted in the formation of a oxide scale initially and sulphur
diffused via this scale to the scale/coating interface and the crack tip in the coating. At the
crack tip, Al and Cr sulphides formed initially, however , due to high sulphur content these
elements were depleted and low melting point nickel sulphides formed. This combined with
mechanical loading enhanced the sulphidation attack and the crack propagation rate in the

coating.
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Figure 4.17 : Failure Mechanism of TYPE II platinum aluminide coating in SO, containing
environment

The platinum rich outer layer of the coating proved to be much more resistant to sulphidation
attack when compared to the NiAl layer. Although the NiAl layer was more resistant to
crack propagation the sulphur containing environment accelerated the crack propagation rate.
The sulphidation attack proceeded more rapidly along the NiAl zone and resulted in the
“swelling” of the coating. The slower crack propagation rate in the NiAl region combined
with the “self healing” properties resulted in the higher life when compared to the uncoated
and aluminide coated samples tested at the strain range of 0.66%. This had the additional
benefit of broadening the crack in the coating which resulted in the stress concentration of
the crack through the coating being greatly reduced and delayed the crack initiation in the

substrate.

The 2um platinum aluminide coating displayed a similar mechanism of failure to the TYPE

IT platinum aluminide coating. This was deduced from the morphology of the cracks present
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in the coating. The platinum rich outer layer again proved to be brittle and the source of
crack initiation in the coating and NiAl layer again proved to be more susceptible to
sulphidation attack. However, due to the initial thinner platinum éoating applied that the
outer platinum rich layer was thinner and it was no longer continuous PtAl, region but NiAl
+ Pt,Al. The thinner NiAl - platinum layer proved to be more prone to sulphidation attack
than the continuous PtAl, layer but the platinum modified NiAl zone was much greater than
in the TYPE II platinum aluminide. It was this region that enhanced the coating life, due to

the longer period required for crack propagation to occur through the NiAl zone.

The HTLCF tests at the lower strain range of 0.38% did not show as significant an
improvement in fatigue life as that observed in the aluminide and uncoated alloys. This was
mainly due to the presence of brittle platinum rich outer zone, which resulted in cracking of
the coating early in the fatigue test. This combined with the SO, bearing atmosphere resulted
in an accelerated fatigue failure when compared to the platinum coated, aluminide coated and

uncoated alloy.

The mechanism of failure for both these materials systems proved to be similar to the higher
strain range fatigue tests. However, the slower crack propagation (as a result of the lower
loads) in the NiAl zone and longer time to crack initiation in the substrate resulted in very
severe sulphidation of the NiAl layer. It was evident that the progression of sulphidation
attack in this region was so rapid that it resulted in delamination of the TYPE II platinum
coating in areas where two cracks were bridged. Another feature very evident in the TYPE
II platinum aluminide coating was the break down of the single phase PtAl, zone into a two
phase zone, due to the higher temperature exposure. This feature was also enhanced by the

sulphidation attack in this region due to the selective oxidation of aluminium.

Delamination of the 2um platinum alumini.de coating was also observed due to similar
processes as that in the TYPE II platinum aluminide coating. For both the coatings the
sulphidation attack was concentrated in the regions where the coating had cracked. This had
occurred due to the stagnation of the SO, gaseous environment in the crack and ensuing
fluxing process that occurred. The significant conclusion from this result was that the

platinum content in the coating plays a significant role in the mechanical properties and

hence its corrosion-fatigue properties.
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4.2.3.5 Failure of Platinum Coated MAR-M002

An accelerated failure was observed in the HTLCF tests performed in the SO, containing
environment. At the higher strain range of 0.66%, the time to failure was lower than
observed in the uncoated alloy but slightly greater than that observed in the aluminide coated
material. The significant difference between the platinum aluminide samples and platinum
coated samples was that the alloy surface was not enriched with aluminium, hence, the
protection mechanism for the surface was derived by using the substrate alloying elements
that had interacted with the platinum coating. The platinum modified surface enhanced the
susceptibility to crack initiation (observed in tests performed in argon and air). Internal
sulphidation of the coating showed that the corrosion product was essentially composed of
Ni and Cr sulphides. The combination of the brittle coating layer and susceptibility of the
coating to internal sulphidation resulted in the crack propagation in the coating to be fairly
rapid and an early initiation of the fatigue crack in the substrate. The volumetric content of
the more corrosion resistant platinum rich white phase diminished with high temperature
exposure which further accelerated the sulphidation process. This occurred due to the
interdiffusion of platinum and alloying elements of the substrate, and sulphidation. The y’
depleted zone, which was depleted of Al, was shown to be most susceptible to sulphidation
attack. Once this propagating crack had entered this zone the sulphidation attack proceeded

more rapidly along this region, than into the substrate.

The corrosion-fatigue failure of the platinum coated MAR-M002 sample occurred via the
mechanism illustrated in figure 4.18. Crack initiation on the coating occurred in the grey
region of the coating and propagated rapidly through this region to substrate/y’ depleted
zone. The crack propagation tHrough this region was accelerated due to the sulphidation
attack at the crack tip. The white regions in the coating were ineffective as crack “stoppers”
due to the sulphidation process altering the chemical composition of these regions and hence,
the mechanical properties. The crack through the coating was relatively straight. Once the
environment encountered the substrate, resistance to crack initiation and sulphidation was
higher, however, the resistance of the vy’ denuded zone to sulphidation was lower. The
sulphidation attack proceeded more rapidly in this region than into the substrate. The
corrosion product was made up of mainly oxides and small amounts of sulphides. This was

consistent with the sulphidation mechanism observed in all samples tested, i.e., the oxidation
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Figure 4.18: Failure mechanism of platinum coated MAR-M002 in SO, containing
environment

reaction proceeded first followed by reaction with sulphur. The corrosion product was made

up of significant quantities of Cr ,0 ; and NiO and significant amounts of Cr and Ni

sulphides.

The presence of Ni oxides and sulphides would have redug:ed the “protective” nature of the
initial scale formed. Oxygen diffusing through the scale was consumed first and also
oxidised existing sulphides was oxidised, releasing the sulphur which diffused through the
corrosion scale to the scale/substrate interface where sulphidation proceeded more rapidly.
A significant feature was the diffusion of sulphur preferentially into the platinum layer than
into the substrate resulting in internal sulphidation of the coating. The internal sulphidation
of the coating was concentrated at the interfaces of the white particles in the coating and the
original coating surface region. The accelerated sulphidation attack of the y’ depleted zone

played the instrumental part in the “peeling” of the coating. The combination of internal
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sulphidation and sulphidation of the ¥’ depleted zone resulted in the swelling of the coating

observed in the exterior surface of the fractography sample.

In the regions where internal sulphidation was more prevalent, the amount of white phase
present was significantly reduced. This had occurred due to sulphur reacting firstly with the
more thermodynamically stable sulphide forming elements, Al and Cr. This resulted in the
Al being “drawn” out of the white regions effectively reducing the Al content in these
regions which changed the structure. From the EDS analysis it was observed that this region
was depleted of Al and Cr and effectively became a Ni/Pt alloy with some of the less reactive

alloying elements dissolved in it.

The platinum coating produced a higher life compared to the aluminide coating mainly due
to its higher resistance to crack initiation and propagation, and a lower life than the uncoated
alloy due to the surface mechanical properties being altered. A significant feature was that
the reduction in aluminium content in the coating played an important role in reducing the

resistance to sulphidation attack.

The failure mechanism for HTLCF in SO, environment at the lower SR of 0.38% was the
same as that observed for the higher strain range. At this strain range the life of the platinum
coated sample was lower than the uncoated and aluminide coated samples but higher that the
platinum aluminide coated samples. The reason for this behaviour was due to the
combination of the alteration of the surface mechanical properties and corrosion properties.
The platinum coating was more resistant to cracking than the platinum aluminides but less

resistant than the uncoated alloy, however, it was susceptible to sulphidation attack.

The platinum intermetallics, in particular, where shown again to be extremely brittle and the
lowering of the strain range did not slow down the crack initiation and propagation through
the coating significantly. The reduction of aluminium content in certain regions of the
coating (grey regions) resulted in the lowering of the sulphidation resistance and hence,

enhanced corrosion-fatigue failure in sulphidizing atmospheres.
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4.3 GENERAL DISCUSSION

From the HTLCF tests performed, it was determined that mechanical properties of the
coating systems investigated played a key role in the failure mechanism. The poor resistance
of the coatings to cracking must be attributed to the high DBTT of NiAl (868-1060°C) and
PtAl, (870-1070°C) [10]. For the uncoated alloy the fatigue crack had to be initiated on the
surface. In the case of the coated samples, cracks were initiated at the coating surface and
propagated to the coating\substrate interface. This resulted in stress concentration points in

this zone which resulted in crack initiation in the substrate.

The resistance of the aluminide and platinum modified aluminide coatings to crack initiation
and propagation was found to be dependent on coating microstructure and platinum content.
The aluminide coated samples revealed poor resistance to crack initiation and cracks were
initiated readily at the surface at the higher strain range. The TYPE I platinum aluminide
coatings revealed that crack initiation and propagation through the coating was dependent
on the platinum content in the NiAl zone. It was noted for relatively high platinum content
the susceptibility to cracking was increased. Although this point may be subjective in that
the TYPE I coating was produced by a specific process condition and was not reproducible,
the chemical analysis of the samples tested showed that there were significant differences in
the platinum content in the NiAl zone between the samples. This was very apparent in the
samples tested in the SO, bearing atmosphere. Since the environmental conditions were
consistent for both the strain ranges, the test performed at the lower strain range was
expected to produce a much higher life than that obtained. It was established that the there
was a higher platinum content in the NiAl zone of the sample tested using the S.R. of 0.38%.
The effect of platinum content on the mechanical properties also manifested itself in the
TYPE II platinum aluminide where the NiAl zone adjacent to the PtAl, layer showed a
higher tendency to crack. The TYPE II and 2pm platinum aluminide coatings showed that
cracks had initiated in the platinum rich outer layer. This was due the presence of brittle
platinum intermetallics. Crack initiation in the platinum coated samples had occurred in the
grey region in the coating layer and cracks also tended to propagate in this region. Table 4.1

summarizes the resistance to crack propagation of the different regions in the coatings.

Under oxidation environment the failure of the coating controlled the overall life of the

material. Crack propagation in the substrate was independent of the coating.
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Table 4.1 :  The resistance of the different regions in the coatings to crack propagation
Coating Structure
Interdiffusion NiAl Pt Mod. Pt,Al
Zone NiAl
Aluminide S.R.0.66% [P P
SR038% |F F
Type IPAC S.R.0.66% |F F*
SR038% |F p*
Type I PACS.R. 0.66% | F F P
SR038% |F F P
y’ depleted White Grey region
zone region
Platinum F G P
P - POOR
F - FAIR
G - GOOD
* - Mechanical properties dependent on platinum content

Under sulphidation environment, accelerated failures were observed, hence, tests at a lower
strain range had to be performed in an attempt to eliminate the brittle failure of the coating.
In general, the coatings did show evidence that in the absence of mechanical loading there

would be a higher resistance to sulphidation attack.

The corrosion mechanism in the SO, environment was consistent for all the coatings and the
uncoated sample tested. The corrosion mechanism involved the initial oxidation of the
material, 1.e. forming metal oxides. The thermodynamically stable oxides, i.e. oxides of Al
and Cr, formed first. However, the oxygen pressure was not sufficiently high for only oxides
to form and some sulphides did form in the corrosion scale. The sulphidation process
normally was most prevalent at the corrosion scale/substrate interface. Hence, it was evident
that if the coating was able to produce a protective oxide scale its resistance to sulphidation
was much improved. If these oxides were coherent and continuous there was a higher

resistance to sulphidation attack since the transport of sulphur through the scale becomes
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more difficult. However, due to the mechanical loading and sulphides present, diffusion
through the oxide scale was enhanced. The continuous cracking and spalling of the oxide
scale due to the mechanical loading resulted in a “fluxing” mechanism which effectively
depleted the coating of the reactive elements Al and Cr. This resulted in the formation of
less stable oxides and sulphides, particularly that of nickel, which resulted in the high

corrosion rate.

The production of the protective scale was dependent on the activity of aluminium and
oxygen pressure. If the activity of aluminium was sufficiently high a protective AL, O, scale
would form. Platinum enhances the diffusion of aluminium to the surface and hence the
activity of the aluminium during the corrosion reaction. This was evident in the HTLCEF tests
performed on platinum aluminides with relatively high platinum contents. In these samples,

the sulphidation attack was concentrated in the regions where the coating had cracked.

The different regions in the coating also showed varying degrees of resistance to sulphidation
attack. Table 4.2 summarizes the resistance of the different regions to sulphidation attack.
These conclusions on the coating properties were based on the combination of mechanical

loading and sulphidation attack.

Table4.2:  The resistance of the different regions in the coatings to sulphidation
Coating Structure
Interdiffusion NiAl Pt Mod. Pt,Al
Zone NiAl
Aluminide ‘ P F
Type I PAC P P
Type I1 PAC P P G

y’ depleted White Grey region

zone region
Platinum P G P
P - POOR
F -FAIR

G - GOOD
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CONCLUSIONS

The mechanical properties of the coatings influenced the overall fatigue properties.
The coating mechanical properties were determined by the coating microstructure
and composition. The NiAl and platinum aluminide layers were very brittle and
fractured very easily under fatigue loading. This was mainly due to the tests being
performed at the lower end of the DBTT range. The platinum aluminide layer
showed a higher tendency to crack under mechanical loading than the NiAl layer.
Platinum present in solid solution and/or dispersed as platinum aluminide particles
in the NiAl zone had a beneficial influence on the mechanical properties of the
NiAl zone by altering the crack propagation mechanism through the coating.
However, this was only true for when the overall platinum content in the NiAl zone

was relatively low.

The platinum coating was not effective as a ductile corrosion resistant layer.
Interdiffusion and interaction with the substrate alloying elements resulted in
embrittlement of the alloy surface, hence facilitating crack initiation. The absence

of the aluminium enriched layer also made it ineffective for corrosion protection.

The aluminide coated alloy was susceptible to accelerated failure under the
combination of sulphidizing environment and fatigue loading. This was due to a
combination of the brittle nature of the coating plus the susceptibility of the NiAl
zone to sulphidation. Lateral sulphidation at the “lip” of the cracks in the coating
was mainly due to the short diffusion path for the corroding species through the
corrosion scale. The susceptibility of the interdiffusion zone to sulphidation plus
the severe internal sulphidation of the NiAl zone caused severe blistering of the
coating when exposed to the sulphidizing environment for long periods (like in the
case of the S.R. of 0.38%).

The presence of platinum in relatively small quantities in the NiAl zone
significantly improved the corrosion fatigue properties of the TYPE I platinum

aluminide coating by displaying a “self healing” mechanism. This mechanism was
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unique to the TYPE I platinum aluminide coated sample tested at the 0.66% strain
range and was not observed in the other samples tested. This feature of coating
may be attributed to the coating’s atypical microstructure and coating composition

which also altered the mechanical properties of the coating.

TYPE II platinum aluminide coatings displayed adequate resistance to sulphidation
attack as long as the PtAl, layer was not breached. However, once this region was
cracked severe sulphidation of the NiAl zone occurred. For longer exposure times,
like that observed in the 0.38% S.R. tests, this susceptibility of the NiAl to
sulphidation resulted in delamination of the coating. Due to the brittle nature of
the platinum aluminide phases, the platinum aluminide coatings did not show
significant improvement in the HTLCF life under the sulphidizing conditions at the

strain range of 0.38% when compared with the higher strain range.

The corrosion fatigue life, under the SO, containing environment, was controlled
by the incubation period, i.e., the time before crack initiation in the substrate. The
platinum aluminide coatings in general increased the incubation period which
enhanced the overall fatigue life of the material system in the tests performed at a
strain range of 0.66%. The increase in the incubation period was mainly due to the
decrease in the crack propagation rate through the coating even though the cracking
of the coating had occurred early in the fatigue test. In the tests performed at the
strain range of 0.38%, the time to the first crack in the coating became more
significant. The aluminide coating showed a higher resistance to cracking than the
platinum aluminide samples tested and hence increased the incubation period
significantly. Cracking of the platinum aluminide layer occurred early in the
fatigue tests which resulted in a much smaller increase in the incubation period,

hence, the lower life when compared to the aluminide coated sample.

The crack propagation in both the coating and substrate was controlled by the

sulphidation attack at the propagating crack tip.

The sulphidation mechanism was independent of the material system. Oxidation

proceeded first followed by sulphidation at the corrosion scale/substrate interface.
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RECOMMENDATIONS

Since only a limited number of specimens were available a good statistical spread
of data could not be obtained. It is recommended that in order to establish the life
trends for the various environments a significant number of tests must be performed

at different strain ranges.

The use of strain range partitioning method for life prediction requires the strain
range versus life relationships for the four inelastic strain ranges, hence, these
relationships need to be developed for the specific environments in order to apply
these results for life prediction. These tests will also serve to indicate whether the

SRP method can be applied to coated samples with confidence.

The strain range used for the fatigue tests should be reviewed. Tests at lower strain
ranges, closer to typical operation conditions should be used. Since this would
mean much longer tests, the testing technique should also be reviewed and higher

frequencies may be considered in order to reduce the length of each test.

There was evidence from the tests performed on the 2pum platinum aluminide
coating that the amount of platinum applied will play a significant role in the
corrosion and fatigue properties of the alloy. A study on the effect of the initial
platinum coating thickness versus the fatigue and corrosion properties should be

investigated.

It would be useful to establish the fatigue crack propagation (FCP) rates through
the coating structures and establish some correlation between the coating
microstructure and composition to this property. This incorporates performing FCP
tests on N1Al, PtAl, and platinum modified NiAl intermetallics.
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